
 

 

 

 

 

Materials Design for Lithium Batteries with High Energy Density 

 

Tianwei Jin 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Submitted in partial fulfillment of the 

requirements for the degree of 

Doctor of Philosophy 

under the Executive Committee 

of the Graduate School of Arts and Sciences 

 

 

 

COLUMBIA UNIVERSITY 

 

 

2024 

 

 

 

 



 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

© 2024 

Tianwei Jin 

All Rights Reserved



 

 

Abstract 

Materials Design for Lithium Batteries with High Energy Density 

Tianwei Jin 

 

Lithium-ion batteries (LIBs) play a pivotal role in advancing transportation electrification, 

offering a crucial solution to address climate change and fossil fuel depletion, but the current 

energy density of LIBs remains unsatisfying, limiting electric transportation range. To address this 

limitation, extensive efforts focus on developing novel electrode materials, including high-voltage 

cathodes and high-specific-capacity electrodes. However, the pursuit of higher energy densities 

introduces safety concerns due to the higher possibility of thermal runaway and flammable nature 

of conventional liquid electrolytes. In this doctoral thesis, I will present several innovative 

strategies for high-performance lithium battery systems aimed at enhancing the mileage of electric 

transportation without compromising or even enhancing safety. 

The first part (Chapter 3) discusses a novel design for structural batteries. Structural 

batteries are the energy storage devices with enhanced mechanical properties integrated as 

structural components in vehicles to reduce vehicle weights and increase mileage. Through the 

development of a scalable and feasible tree-root-like lamination at the electrode/separator interface, 

an 11-fold enhancement in the flexural modulus of pouch cells is achieved, and the underlying 

mechanism is revealed by finite element simulations. This lamination has a minimal impact on the 

electrochemical performance of LIBs and the smallest reported specific energy reduction of ~3% 

in structural batteries. The prototype "electric wings" showcases stable flight for an aircraft model, 

highlighting the effectiveness and scalability of engineering interfacial adhesion in developing 

structural batteries with superior mechanical and electrochemical properties. 



 

 

The second part (Chapter 4) presents a design rule for polymer electrolytes to enhance 

lithium metal battery safety. Lithium metal batteries are attractive for electric transportation due 

to their high energy densities, but their application is hindered by the safety concerns from dendrite 

growth. In this work, we observe that if the compositions of polyethylene oxide (PEO) electrolytes 

are near the boundary between amorphous and polymer-rich regions, concentration polarization in 

electrolytes will  induce a phase transformation and create a PEO-rich phase at the electrode surface. 

This new phase is mechanically rigid with a Youngôs modulus of Ḑ1-3 GPa so that it can suppress 

lithium dendrites, which allows Li/PEO/LiFePO4 cells with such a phase transformation 

demonstrate superior lithium reversibility without dendrites for 100 cycles. 

The third part (Chapter 5) proposes an innovative cathode design for all -solid-state Li -S 

batteries (ASSLSBs) which have ultra-high energy densities and enhanced battery safety. However, 

conventional cathode designs of filling sulfur in carbon hosts suffer from accelerated 

decomposition of electrolytes and sulfur detachment, leading to significant capacity loss.  As a 

solution, I propose that nonconductive polar hosts allow long cycling life of ASSLSBs via 

stabilizing the adjacent electrolytes and bonding sulfur/Li 2S steadily to avoid detachment. By using 

a mesoporous SiO2 host filled with 70 wt.% sulfur as the cathode, we demonstrate steady cycling 

in ASSLSBs with a capacity reversibility of 95.1% in the initial cycle and a discharge capacity of 

1446 mAh g-1 after 500 cycles at C/5.
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Chapter 1: Introduction  

1.1 Motivation 

With centuries of technological and industrial progress, the eternal themes of human 

survival and development face pressing challenges in the form of global warming and fossil fuel 

depletion, and transportation is a major contributor. Taking U.S. in 2021 as an example, 

transportation accounted for the largest portion (29%) of total U.S. greenhouse gas emissions and 

(67%) petroleum use.1, 2 Responding to these challenges, electrification of transportation has 

rapidly emerged as a promising and practical solution, and batteries, which can store energy from 

clean and sustainable sources such as sun and wind to electrically drive transportation without 

emission of greenhouse gas, are essential in this transition. Consequently, both academia and 

industry are heavily invested in advancing battery technology to pave the way for a sustainable 

and cleaner future in transportation. 

However, current state-of-the-art (SOA) batteries fall short of meeting the requirements for 

electric transportation. Taking electric cars as an example, they typically have lower mileage 

compared to gasoline-powered ones which can often travel up to 300 miles on a single tank. 

Additionally, increasing the energy storage capacity of batteries, seen as a pathway to enhancing 

mileage, raises safety concerns. Moreover, the long charging time of tens of minutes deters many 

customers from choosing electric cars over gasoline ones which can be refueled in just one minute. 

Furthermore, the poor performance of batteries in low temperatures limits the market for electric 

cars in regions with cold climates. To address these challenges, next-generation batteries with 

higher energy density, improved safety, faster charge and discharge rates, longer cycle life, wider 

operational temperature ranges, and lower costs are needed for the electrification of transportation. 

Various potential solutions are being proposed to achieve each of these desired properties. 
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In this dissertation, I will present my research efforts on developing new design principles 

for battery configuration, polymer electrolytes, and cathodes towards high-performance lithium 

battery systems aimed at increasing the mileage of electric transportation. The following sections 

will first deliberate the operational principles of batteries and key evaluation criteria. Secondly, 

the key characterization methods utilized in this dissertation will be briefly introduced. Next, I will 

discuss a rational structural battery design incorporating a scalable and feasible lamination method 

to significantly enhance battery bending modulus. Subsequently, I will explore unexpected phase 

separation behaviors in polymer electrolytes under concentration polarization, which can 

effectively suppress lithium dendrite growth. Finally, I will introduce a counterintuitive cathode 

design for all-solid-state lithium-sulfur batteries, employing nonconductive polar hosts to 

markedly improve cycling performance. 

 

1.2 Rechargeable lithium  batteries and key parameters 

1.2.1 Fundamental of rechargeable lithium batteries 

A battery converts the stored chemical energy into electric energy via an electrochemical 

reaction, known as the discharge process. In this phase, the negative electrode undergoes oxidation 

and releases electrons that flow through the external circuit, generating electricity for use in motors 

and other devices while simultaneously reducing the positive electrode. Meanwhile, ions also 

move from the negative electrode to the positive electrode through the electrolyte inside the battery 

to maintain the electric neutrality. This reaction is reversible for rechargeable batteries, allowing 

the replenishment of chemical energy storage by applying external electricity, ideally produced by 

clean energy, to restore its capacity for subsequent discharge, known as the charge process. Figure 



3 

 

1.1 illustrates these processes in a conventional battery which comprises of an anode and a cathode 

immersed in a liquid electrolyte, separated by porous polymer separator, and sealed in a cell case. 

 

Figure 1.1. Schematic of a rechargeable battery. 

 

Following this operational principle, various parameters are commonly used to assess 

whether a proposed rechargeable battery design aligns with application requirements. Among all 

rechargeable battery systems, lithium batteries exhibit comprehensive and balanced performance 

across various aspects, establishing their dominant position in the electrification of transportation. 

Further details will be elaborated in the subsequent sections. 

 

1.2.2 Energy density, voltage, and specific capacity 

Energy density, the extractable electric energy stored per battery volume (or mass, when 

discussed gravimetrically), is a crucial indicator of the energy storage capability of a battery. The 
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electric energy provided by a battery is determined by integrating the flow of electrons through 

the external circuit with the battery voltage during the discharge process. Hence, to develop next-

generation batteries with higher energy densities for extended ranges in electric transportation, 

significant efforts focus on the development of new electrodes with elevated specific capacities 

and voltages. 

Battery voltage is determined by the potential difference between its cathode and anode. 

When focusing on energy density, it is advantageous to have cathodes with higher potentials and 

anodes with lower potentials. This preference has driven significant attention towards lithium 

chemistry in the past decades because lithium metal, with the lowest electrochemical potential (-

3.04 V versus the standard hydrogen electrode), stands out as the ultimate choice among potential 

candidates.3 For cathodes, following the use of the first intercalation cathode TiS2 in the 1970s 

with a potential of ~2.2 V (vs. Li/Li+), numerous new materials with higher potentials have been 

developed such as LiCoO2 and LiNi xMnyCo1-x-yO2 (NMC) that are capable of reaching 4 V.4, 5  

 Specific capacity is the amount of electric charge an electrode can deliver per electrode 

mass. For graphite, the anode in state-of-the-art (SOA) lithium-ion batteries, this value is 372 mAh 

g-1, while this value of lithium metal is 3860 mAh g-1, which is the major motivation of developing 

lithium metal batteries. Concerning cathodes, SOA oxide cathodes such as NMC typically have a 

specific capacity ranging from 150 to 250 mAh g-1, whereas sulfur demonstrates an ultra-high 

value of 1672 mAh g-1, so though Li /S batteries have a lower voltage of ~2.2 V compared to 

batteries with oxide cathodes, they excel in terms of energy density. 

 

1.2.3 Power density and rate performance 
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Energy density, a thermodynamic parameter of batteries, has a kinetic counterpart known 

as power density which represents the amount of deliverable power per battery volume or mass. 

The power of a battery is the result of multiplying its delivered voltage by current, yet the actual 

voltage delivered is consistently lower than the thermodynamic equilibrium value, the potential 

difference between electrodes. As current flows through the battery, part of the potential difference 

is consumed to overcome internal resistance, polarization, solid-phase diffusion, and electrode 

phase transformation, manifesting as a voltage drop. This drop, causing battery power to fall below 

equilibrium values, increases with discharge current and is reflected in rate performance. 

The discharge/charge rate of a battery is denoted as C/n with n representing the number of 

hours required to fully discharge/charge the battery. For example, a C/10 current signifies a 

discharge/charge duration of 10 hours, while 6C corresponds to 10 minutes. As discussed above, 

a higher C-rate for a battery indicates a larger current and greater voltage deviation from its 

equilibrium value, resulting in lower available power, capacity, and energy. Hence, it is crucial for 

a battery design to exhibit favorable rate performance, implying minimal deviation in capability at 

higher C-rates, particularly for power applications such as electric transportation. 

 

1.2.4 Capacity retention and cycle life 

The specific capacities of electrodes inevitably decay after multiple charge and discharge 

cycles, attributed to electrode degradation, electrolyte decomposition, and battery structure failure. 

Consequently, the available capacities of batteries decrease over time. To quantify capacity decay, 

capacity retention is defined as the ratio of the available capacity of a battery after a specific 

number of cycles to its initial value, where each cycle comprises a charge and discharge process. 

In practical terms, the cycle life of a battery is typically defined as the cycle number at which 
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capacity retention drops to 80%. To achieve a prolonged cycle life, substantial efforts are directed 

towards developing stable electrodes and compatible electrolytes. 

 

1.2.5 Mechanical properties 

In addition to electrochemistry, mechanics plays a crucial role in battery performance. SOA 

electrodes in lithium-ion batteries, such as graphite and NMC, experience a 10% volume change 

during cycling. This volume change is even more significant in the electrodes for next-generation 

lithium batteries, such as 80% for sulfur, 300% for silicon, and infinite for lithium. The volume 

change not only causes electrodes to lose contact with electrolytes, carbon additives, and current 

collectors, but also results in electrode mismatch, battery case damage, and potential separator 

penetration. Accordingly, batteries must possess adequate mechanical properties to sustain their 

structures during cycling and external conditions such as mechanical loads. 

Mechanics also holds significant importance in battery applications in another way, named 

as structural batteries. Designing batteries to be mechanically robust for integration as structural 

components in vehicles can lead to reduced vehicle weight and increased mileage. Examples 

include integrating batteries into car roofs and chassis, aerospace system interior wall panels and 

wings, and marine system floors and hull skins. The design of structural batteries should be 

application-specific. For example, the design should focus on achieving high stiffness and strength 

for components that bear practical loads such as car chassis and seats. In contrast, structural 

batteries used in car roofs and unmanned aerial vehicle wings should prioritize adequate bending 

rigidity.6 

 

1.2.6 Safety 
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Safety is a paramount consideration for all batteries. In the case of Li-ion batteries, their 

high energy densities can generate significant heat during short circuits resulting from internal 

failures or external impacts. Coupled with the flammability of conventional liquid electrolytes, 

this poses a significant risk of fires or explosions. While a higher energy density allows for 

increased energy storage for mileage, it also raises safety concerns. Consequently, substantial 

attention is given to the development of nonflammable liquid electrolytes in battery research. 

In lithium metal batteries, progress is impeded by the dendrite growth issue during metallic 

lithium deposition which is the charging process, and dendrites can penetrate separators and cause 

short circuits when contacting cathodes. Therefore, solid-state electrolytes are extensively studied 

as a promising solution for next-generation batteries due to their excellent thermal stability under 

potential short circuits and robust mechanical properties that suppress dendrite growth. 
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Chapter 2: Characterization Methods 

To assess the physical and chemical properties of designed materials and their 

electrochemical behaviors in batteries, a range of characterization methods are employed in the 

research discussed in this dissertation. This chapter will provide a brief overview of each of these 

methods, and the detailed characterization processes and parameters of each work can be found in 

the corresponding publications.7, 8 

 

2.1 Electrochemical characterizations 

2.1.1 Galvanostatic charge/discharge tests 

 In battery development, galvanostatic cycling tests are the most commonly used technique 

to evaluate the cycling performance of a designed battery or battery material. This involves 

continuously charging the battery to a specific upper cutoff voltage with a constant current and 

discharging it to a specific lower cutoff voltage with a constant current. Through these cycles, 

researchers can monitor various battery behaviors, including the capacity and voltage profile of 

each charge and discharge process. This allows for an assessment of cycling performance, 

including cycle life, by tracking changes in discharge capacity versus cycle number, and rate 

performance, by cycling the battery with different currents. 

Landt battery testers and Bio-logic SP150 were used for the cycling tests discussed in this 

thesis. 

 

2.1.2 Electrochemical impedance spectroscopy 

 Electrochemical impedance spectroscopy (EIS) is a powerful technique used to 

characterize the electrochemical properties of batteries, including its resistance, capacitance, and 
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inductance. During an EIS measurement, a small-amplitude sinusoidal voltage (or current) signal 

is applied to the battery across a range of frequencies and the resulting current (or voltage) response 

is recorded. The relationship between the amplitudes and phases of the applied signal and response 

gives the values of the resistance impedance and capacitance impedance as a function of frequency. 

By analyzing the frequency-dependent impedance data with appropriate mathematical models 

based on the battery configurations, EIS enables the study of various electrochemical processes 

such as resistances of electrolytes, mass transport kinetics of electrodes, and electrode/electrolyte 

interface properties. 

Bio-logic SP150 and Bio-logic VMP3 multichannel potentiostat were used for the EIS tests 

presented in this thesis. 

 

2.1.3 Cyclic voltammetry 

 Cyclic voltammetry (CV) is an electrochemical technique to investigate the redox 

properties of materials, such as the stability of electrolytes and the electrochemical activity of 

electrodes. It involves applying a potential scan varied linearly with time to the working electrode, 

causing reduction or oxidation on the electrode surface, while recording the redox current response 

which provides information about the kinetics and thermodynamics of the redox processes. 

Bio-logic VMP3 multichannel potentiostat were used for the CV tests presented in this 

thesis. 

 

2.2 Electron microscopy 

Electronic microscope is a powerful tool to characterize the structure and composition of 

materials. In contrast to the light used in optical microscopes, electronic microscope uses a beam 
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of accelerated electrons, focused by magnetic lenses, to illuminate specimens, allowing for ultra-

high-resolution imaging because of the short wavelength of electrons.  

Scanning electron microscopes (SEM) scan a focused electron beam across the surface of 

a sample. The interaction between the electrons and the atoms in the sample generates various 

signals such as secondary electrons and backscattered electrons, which are detected to create high-

resolution images revealing the surface morphology. In contrast, transmission electron 

microscopes (TEM) pass a focused beam of electrons through a thin specimen, and the transmitted 

electrons after the interaction with the specimen is recorded to generate ultra-high-resolution 

images of the internal structure of materials, allowing visualization of atomic arrangements. 

Energy-dispersive X-ray spectroscopy (EDS) is an analytical technique used in conjunction with 

SEM or TEM, which detects the characteristic X-rays emitted by a sample bombarded by electrons. 

The energy spectrum of these X-rays provides information about the elemental composition and 

distribution within the sample. Focused ion beam (FIB) technique is employed to characterize the 

inner regions of bulk materials. It utilizes a focused beam of ions, typically gallium ions, to mill 

or etch materials precisely, exposing inner parts for subsequent analysis with SEM and EDS. 

Zeiss Sigma VP SEM, Hitachi S-4700 SEM, and FEI Helios Nanolab 660 SEM with FIB, 

Hitachi HF-3300 scanning transmission electron microscope (STEM) with a high-angle annular-

dark-field detector were used in the works presented in this thesis.  

 

2.3 Mechanical tests 

Three-point bending is a common technique used to measure the flexural modulus of 

materials, a key property for structural batteries to serve as parts such as airplane wings. It involves 

supporting a sample, with a width of w and a thickness of t, at two points with a distance of L and 
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applying a load at the midpoint, causing the sample to bend. The deflection of the sample d and 

the applied load F are measured, and the flexural modulus Ef is calculated using beam bending 

theory: 

Ef =  

The peeling test is a method used to measure the adhesive strength between two materials, 

involving peeling off a flexible component from a rigid substrate at a constant rate or angle. The 

force required to separate the two substrates is measured, which directly reflects the adhesive 

strength of the bond. 

The electronic universal testing machine (Shenzhen Suns Technology Stock Co., LTD, 

Model UTM6203) was used for the three-point bending tests in this thesis. 

 

2.4 X-ray photoelectron spectroscopy 

X-ray Photoelectron Spectroscopy (XPS) operates on the principle of the photoelectric 

effect. During characterization, X-rays irradiate the sample surface, resulting in the ejection of 

photoelectrons from the surface within a few nanometers. The kinetic energies of these 

photoelectrons are indicative of the chemical environment and elemental composition of the atoms 

they originate from. By measuring the energies and intensities of these emitted photoelectrons, 

XPS offers valuable insights into the elemental composition and chemical state of the sample 

surface with high resolution and sensitivity. 

PHI Versaprobe II XPS was used in the works presented in this thesis, with a 

monochromatic Al KŬ X-ray excitation source (1,486.6 eV). The samples were loaded in an air-

tight vessel in an Ar glovebox and transferred to XPS without any air exposure. 
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2.5 X-ray diffraction  

X-ray diffraction (XRD) is a technique used to analyze the atomic structure of materials. It 

is based on Bragg's law, which states that when interacting with a material, X-rays undergo 

constructive interference with atomic planes in the crystal lattice, resulting in diffraction peaks 

(Figure 2.1). By measuring the angles and intensities of these peaks, XRD provides information 

about the spacing between atomic planes and the crystal structure, enabling researchers to 

determine the composition, phase, and crystallinity of materials. 

 

 

Figure 2.1. A schematic of Bragg diffraction. When X-rays with a wavelength of ɚ strike a crystal lattice 

whose planes spacing is d at an angel of ɗ, if these parameters satisfy a relation of nɚ = 2dsinɗ where n is 

an integer, the X-rays diffracted remain in phase and undergoe constructive interference.  

 

Empyrean diffractometer and Rigaku Smartlab diffractometer were used for the XRD tests 

discussed in this thesis. 

 

2.6 Brunauer-Emmett-Teller theory 

The Brunauer-Emmett-Teller (BET) theory is a widely utilized method for comprehending 

the morphology of pores in porous materials. It is based on the adsorption of gas molecules onto 

the surface of a solid material. The BET theory postulates that gas molecules form a monolayer on 

the material surface at low pressures, with multilayer adsorption occurring as pressure increases. 
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By measuring the gas adsorbed at different pressures and applying the BET equation, which 

correlates the adsorbed gas amount to surface area, the specific surface area of the material can be 

determined. This offers valuable insights into the porosity and surface properties of materials. 

Micromeritics ASAP 2020 analyzer was used for the BET tests presented in this thesis. 

 

2.7 Thermogravimetric analysis 

Thermogravimetric Analysis (TGA) is a thermal analysis technique utilized to examine 

changes in mass as a function of temperature or time in a controlled atmosphere. The fundamental 

principle is heating a sample with a programmed temperature ramp while continuously monitoring 

its weight. As temperature rises, various thermal events such as decomposition, oxidation, and 

volatilization take place, resulting in alterations in sample mass. Through analyzing the rate and 

extent of these mass changes, TGA provides valuable insights into the composition, thermal 

stability, and decomposition kinetics of materials. 

Bruker TG-DTA2000SA TGA was used for the TGA tests presented in this thesis. 

 

2.8 Raman spectroscopy and stimulated Raman scattering (SRS) microscopy 

Raman spectroscopy is a technique based on the inelastic scattering of monochromatic light 

by molecules. When a photon interacts with a molecule, there is a probability of energy transfer 

between them, causing the molecule to transition to a higher (Stokes scattering) or lower (anti-

Stokes scattering) energy vibrational state. The energy shift between the incident and scattered 

photons corresponds to the vibrational modes of the molecule, offering insights into its chemical 

structure and composition. The resulting Raman spectrum displays peaks in intensity and 

wavelength positions, and each peak corresponds to a specific molecular bond vibration. This 
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enables researchers to understand bond information in the material under study, such as C-F, S=O, 

benzene ring, etc. 

Stimulated Raman scattering (SRS) microscopy enables real-time three-dimensional 

visualization of ion transport within a battery electrolyte.9 In contrast to spontaneous Raman 

spectroscopy, SRS uses two synchronized picosecond laser pulse trains, and when their energy 

difference matches the vibrational transition of targeted chemical bonds, the combined action of 

the two laser beams significantly accelerates the vibrational transition by a factor of 108 compared 

to the slow process in spontaneous Raman.10, 11 Consequently, SRS microscopy simultaneously 

offers a fast imaging speed (~2 ɛs per pixel), high sensitivity (< 1 mM), and fine spatial resolution 

(~300 nm).8 These imaging capabilities allow SRS to capture the rapid evolution of ion 

concentration at a lithium surface and its correlation with the dendrite growth. 

 

 

Figure 2.2. The comparison between spontaneous Raman scattering and stimulated Raman scattering.8 

 

The detailed SRS setup used in the work presented in this thesis has been previously 

reported.9 Spontaneous Raman spectra in this thesis were acquired with Xplora, Horiba Jobin Yvon.  

 

2.9 Atomic force microscope 

Atomic force microscopy (AFM) is a powerful tool used for characterizing the surface 

morphology and Young's modulus of materials. To acquire the surface morphology, a sharp probe 



15 

 

tip, typically mounted on a cantilever, scans over the sample surface and interacts with the atoms 

or molecules on the surface, and the cantilever deflects in response to these interaction forces. By 

precisely measuring these deflection changes at different locations, AFM generates a topographic 

map of the sample surface with extremely high resolution, down to the atomic level. In addition, 

AFM can also be used to measure mechanical properties such as Young's modulus. It is achieved 

by performing force-indentation measurements, where the tip is brought into contact with the 

sample surface and then pushed into the surface with controlled force. The deflection of the 

cantilever and the applied force are used to calculate the stiffness of the sample, which is related 

to its Young's modulus. 

Bruker Multimode 8 AFM was used for the AFM characterization presented in this thesis. 
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3.1 Introduction  

Lightweighting is critical to enhancing the operational duration and performance of 

transportation vehicles.12-15 This demand is a major driving force for the development of batteries 

with high energy density, which has achieved significant progress in the last three decades, but 

becomes increasingly challenging nowadays.16, 17 Batteries with high energy density are also prone 

to thermal runaway and mechanical damage,18-20 which requires protective components with extra 

weight. An alternative and potentially powerful solution is to use the battery as a multi-functional 

component in vehicles, which serves as both the power source and a structural component.21-24 

Hence, the total vehicle weight is expected to be reduced due to the mass reduction of structural 

components, such as car frames and airplane wings.  

This ñstructural batteryò concept has drawn increasing attention in recent years, and it has 

been discussed by leading electric vehicle companies lately.25, 26 The key requirement of structural 

batteries is enhanced mechanical properties, such as strength, modulus and robustness under 

different kinds of mechanical deformation (e.g., shearing, flexing, compression and tension). 

Strategies to enhance mechanical properties have been explored at both system and material levels. 

At the system level, cells were integrated with external supporting materials with high strength, 

such as metals and carbon fiber-based fabric, to form better mechanical configurations like 

sandwich structures and strengthen the battery systems.27-29 However, this strategy inevitably 

results in lower energy densities because of the extra components for reinforcements, and reported 

reductions are in the range of 40-95%.27-29 At the material level, the underlying principle is to 

develop new multifunctional materials which not only function as necessary components in a 

battery, but also provide enhanced mechanical properties. These materials range over all 

components in a battery, such as active electrode materials, electrolytes, binders and substrates.30-
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33 For example, various groups demonstrated that carbon fibers, which have been widely used for 

load carrying, can serve as the anode itself or the cathode current collector for structural 

batteries.34-37 However, the cycling performance of carbon fibers is not satisfactory, and lithiation 

dramatically weakens the mechanical properties of carbon fibers.38, 39 Moreover, it is difficult to 

integrate carbon fibers and cathode materials densely, so the cell energy density is severely 

compromised. Besides electrode materials, mechanically strong aramid fibers have been explored 

as the separator, which remarkably enhances both safety and tensile strength of structural batteries, 

but the cellôs capacity and cycling stability are sacrificed considerably.40 

Among different mechanical properties to enhance, flexural properties are especially 

important, since bending is one of the most common mechanical deformations in cars and aircraft. 

Conventional Li-ion batteries have a low flexural modulus of ~300 MPa, due to sliding between 

different component layers within. To address this challenge, Chang and co-workers developed a 

clever concept of using polymer ñrivetsò to interlock different layers to avoid their relative sliding, 

which enhances the flexural modulus to 1.5 GPa, similar to polypropylene.41 However, the overall 

energy density of these batteries is reduced by ~40% due to the introduction of those 

electrochemically inert parts and necessary redundancy in the margin of anode and separator to 

avoid shorting. This strategy also increases manufacturing challenges as it requires extra cutting 

and alignment of electrodes. 

To hinder sliding between different layers inside a battery, we are inspired by how trees 

immobilize soil and themselves against strong wind (Figure 3.1a). The tree and the soil are analog 

to the separator and the granular electrode, respectively, and wind is equivalent to shear stress 

introduced by bending deformation. The success of treesô mechanical stability originates from 

their deep and strong root networks, which hold soil firmly. Inspired by this structure, we 
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developed a method to infiltrate polymeric binding materials into the porous cathode and anode so 

that binders form a continuous network, followed by laminating them to a ceramic-coated 

separator by hot pressing (Figure 3.1a). As a result, the separator is bonded to the powder-based 

electrode by a binder network like the tree root structure, which dramatically enhances the flexural 

properties of batteries. For example, the flexural modulus of a graphite/LiNi 0.5Mn0.3Co0.2O2 

(NMC532)-based Li-ion battery with commercial-level mass loading (~3 mAh cm-2 for a single 

layer) is enhanced by 11 times, from ~281 MPa to ~3.1 GPa, which is similar to epoxy. By finite 

element analysis, we also show that the flexural strength could be further enhanced by using 

alginate binder to strengthen the substrate/electrode adhesion.  

Furthermore, since this strategy introduces limited redundant materials and space into a 

battery, the specific energy is only compromised by ~3%. Further electrochemical 

characterizations show that such structural Li-ion cells can deliver a comparable specific capacity 

with conventional batteries, such as 148.6 mAh g-1 at C/2 with retention of 95.5% after 500 cycles. 

Such cycling performance and specific energy show that the proposed strategy does not cause 

noticeable side reactions or significantly affect the electrochemical performance. To further 

demonstrate practical application, we replaced the wings of an aircraft model with such tree-root-

inspired structural batteries as the power source and the aircraft model flew steadily. In contrast, 

with conventional batteries, the aircraft model fell quickly since the wings deformed easily against 

airflow due to batteriesô poor mechanical properties. This is the first demonstration with a battery 

as both the load-bearing component and the only power source in the aircraft, to the best 

knowledge of authors. This work demonstrates a scalable method to enhance flexural properties 

of structural batteries with little compromise on energy density. 
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Figure 3.1. A schematic of the tree-root-inspired electrode/separator interfacial adhesion, and effects of 

mechanical properties of cell components and interfaces on the flexural performance of a full Li-ion cell. 

(a) The analogy between a tree against strong wind (left) and the electrode/separator adhesion against 

shearing introduced by bending (right). (b) The cell configuration under three-point bending in finite 

element (FE) simulation. For clearness, only three repeating graphite/NMC units are shown, and the 

thicknesses of all layers are drawn to be the same. (c) The bending force per width - deflection curves of 

pouch cells within a deflection of 1 mm in FE simulation. ñw/o adhesionò and ñwith adhesionò indicate a 

standard Li-ion cell without and with adhesion between electrodes and separators, respectively. ñCF as 

anodeò and ñCF as both electrodesò are cells with the anode and both electrodes replaced by carbon fiber 

(CF), respectively. (d,e,f) The simulated shear stress distributions of (d) a standard Li-ion cell without 

adhesion between electrodes and separators, (e) a cell with both anode and cathode replaced by CF, and (f) 

a standard Li-ion cell with electrode/separator adhesion at a deflection of 1 mm. All cells are 2.1 mm thick 

and 7.0 cm long. More details can be found in the ñFE Simulationsò part in the Experiment Methods section. 
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3.2 Mater ials design and battery assembly 

Materials: For mechanical properties tests, conventional LiNi 0.5Mn0.3Co0.2O2 (NMC532) 

cathodes with poly(vinylidene fluoride) (PVdF) binder and graphite anodes with carboxymethyl 

cellulose (CMC)-styrene-butadiene rubber (SBR) binder are provided by QingTao (Kunshan) 

Energy Development Co., Ltd.. Both electrodes are double-side coated, with areal capacity of ~3 

mAh cm-2 for a single side. For electrochemical performance tests, NMC532 (MSE Supplies LLC), 

super C65 carbon black (MSE Supplies LLC) and Kynar 761 PVdF (Arkema) were used as raw 

materials for the cathode. Artificial graphite (MSE Supplies LLC), super C65 carbon black (MSE 

Supplies LLC) and sodium alginate (Sigma Aldrich) were used as raw materials for the anode. The 

PVdF-Al 2O3-coated separator is provided by QingTao (Kunshan) Energy Development Co., Ltd.. 

Poly(vinylidene fluoride-co-hexafluoropropylene) (P(VdF-HFP)) used for tree-root-like coating is 

Kynar 2801 received from Arkema Inc. The conventional separator used is Celgard 2325 as the 

reference. LP50 conventional electrolyte (1 M lithium hexafluorophosphate (LiPF6) in ethylene 

carbonate and ethyl methyl carbonate (EC:EMC = 1:1)) is provided by Gotion Inc. 

Lithium difluoro(oxalato)borate (LiDFOB) (Gotion Inc), lithium tetrafluoroborate (LiBF4) 

(Gotion Inc), fluoroethylene carbonate (FEC) (Gotion Inc) and diethyl carbonate (DEC) (Gotion 

Inc) were used to prepare the electrolyte. 1 M LiDFOB and 0.4 M LiBF4 were blended in the 

solvent mixture of FEC and DEC in 1:2 volumetric ratio in the glovebox with H2O < 0.1 ppm and 

oxygen < 0.1 ppm.  

Pouch cell assembly for mechanical tests: Pouch cells for mechanical tests in Figure 3.5a 

and Figure 3.2b-e, and demonstration of ñelectric wingsò in Figure 3.8 were prepared by 

assembling conventional electrodes (~3 mAh cm-2) together, followed by filling 2.5 g Ah-1 LP50 

conventional electrolyte each in the glovebox, vacuuming for 5 min for wetting at -80 kPa, and 
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finally vacuuming sealed at -96 kPa (MSK-115 A vacuum sealer, MTI corporation). To ensure 

complete wetting, cells were rested for 24 h before tests. 

Battery assembly for electrochemical measurements: NMC532 cathode was prepared by 

casting a homogeneous mixture of 85 wt.% NMC532, 7.5 wt.% super C65 carbon black and 7.5 

wt.% PVdF in 1-Methyl-2-pyrrolidone (NMP) on a clean Al foil. The Al foil with the slurry was 

dried at 110 °C for 2 hours and then punched into disks with a diameter of 12 mm for half cells 

and 15 mm for full cells. Graphite anode was prepared by casting a homogeneous mixture of 92 

wt.% artificial graphite, 3 wt.% super C65 carbon black and 5 wt.% sodium alginate in deionized 

water on a clean Cu foil. The Cu foil with the slurry was dried at 80 °C under vacuum for 2 hours 

and then punched into disks with a diameter of 12 mm for half cells and 16 mm for full cells.  

Half cells were assembled with 250 ɛm lithium foil as the counter electrode, as-prepared 

electrolyte (100 µL in each cell) in CR2032 coin cells. The Celgard 2325 separator and the PVdF-

Al 2O3-coated separator were used for cells without electrode/separator adhesion and with 

electrode/separator adhesion, respectively. A bare NMC532 or graphite electrode was used as the 

working electrode in cells without adhesion, and P(VdF-HFP) coated ones were used as the 

working electrode in cells with adhesion. 

Full cells without electrode/separator adhesion were assembled with a graphite anode, a 

NMC532 cathode, one piece of Celgard 2325 separator and as-prepared electrolytes (100 µL in 

each cell) in CR2032 coin cells. Full cells with electrode/separator adhesion were assembled with 

hot-pressed P(VdF-HFP)-coated graphite anode/PVdF-Al 2O3-coated separator/P(VdF-HFP)-

coated NMC532 cathode and as-prepared electrolytes (100 µL in each cell) in CR2032 coin cells.  

 

3.3 Mechanical simulations of structural batteries 
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As a battery consists of multiple layers stacked together, its flexural properties are 

determined by the mechanical properties of both the layers themselves and their interfaces. To 

understand their individual effects separately, we performed a quasi-static 2D plane-stress finite 

element (FE) analysis on a three-point bending test of a Li-ion cell with multi-layer stacking inside, 

with Figure 3.1b as an illustration.  

 

Table 3.1. Components, thickness and Youngôs moduli defined in FE simulations 

Components Thickness (ɛm) Youngôs modulus (GPa)a 

Al  13 4042 

Cu 9 7043 

graphite 60 0.09844 

NMC 60 0.1044 

separator 20 0.6045 

P(VdF-HFP) 10 0.015 

pouch 115 2.046 

carbon fiber 130b 23039 

aThe material properties are treated to be homogenous in simulations. 
bThis value is the sum of the thicknesses of current collector and double-side coated electrode. 

 

The FE simulations were carried out using Abaqus/implicit with 8 CPUs. A 2D plane-stress 

model was adopted with 4-node quadrilateral elements (CPS4R) element type. The total number 

of elements is 164,000 for the model without the electrode/separator adhesion and 316,000 for the 

model with electrode/separator adhesion. Frictional contact with a frictional coefficient of 0.4 is 

defined for electrode/separator (in the models without electrode/separator adhesion) and 

cell/pouch interfaces.44 All interfacial adhesion, including the electrode/current collector one and 

the (PVdF-HFP)/separator one, is realized by using COH2D4 cohesive element in order to study 
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the effect of interfacial adhesion strength on the batteryôs flexural properties. The defined materials 

properties are listed in Table 3.1. To mimic the experimental design shown by the SEM image in 

Figure 3.3b, a 10 ɛm-thick P(VdF-HFP) layer is defined in the model with electrode/separator 

adhesion and has a Youngôs modulus of 0.015 GPa based on the literature value of electrolyte-

swollen PVdF.47 Regarding the gradient of P(VdF-HFP) in the electrode region due to the tree-

root-like structure, the P(VdF-HFP)/electrode interface is defined as tie in the simulation, and no 

change is made to the Youngôs moduli of electrodes since the modulus and volumetric ratio of 

P(VdF-HFP) in the electrode regions are appreciably low. 

To mimic a real test, the cell in FE is 2.1 mm in thickness and 7 cm in length, which 

includes 11 layers of graphite anode and 11 layers of NMC cathode (33 mAh cm-2 in total) with 

active materials coated on both sides of the metal foils. To balance accuracy and computational 

cost, we ensured that each component layer has at least two CPS4R in its thickness direction. The 

boundary and loading conditions in the FE simulation are the same as the three-point bending 

experiments in Figure 3.2c, and a mesh convergence study is also conducted. The packaging layer 

and the atmospheric pressure are also considered in the simulation, which is critical to mimicking 

the real scenario. 
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Figure 3.2. Images of P(VdF-HFP) coated electrodes and pouch cells, and three-point bending test which 

was conducted by placing a pouch cell on two supporting beams with a span of 5 cm, and the loading speed 

of the indenter was 1 mm min-1. (a, b) Photos of (a) a tree-root-like P(VdF-HFP) coated NMC532 electrode 

and (b) and an as-assembled pouch cell with tree-root-like P(VdF-HFP)-based adhesion for mechanical 

tests. (c) The setup of the three-point bending test. The span of two supporting beams is 5 cm. (d) The 

morphology of a bent cell without electrode/separator adhesion in both experiment and simulation, where 

inflection is observed near the supporting beam at the two ends. (e) The morphology of a bent cell with 

electrode/separator adhesion in both experiment and simulation, where no inflection is observed near the 

supporting beam at the two ends. 

 

Four cases were studied and their bending force-deflection curves are shown in Figure 3.1c. 

The baseline is with conventional battery materials and no binding between electrodes and 

separators. Due to the external atmospheric pressure, the frictional force hinders the relative sliding 

between electrodes and separators, but this resistance is relatively small. Therefore, at a deflection 

of 1 mm, the simulated bending force per width and the equivalent flexural modulus (Ef) are only 

0.92 N cm-1 and 310 MPa, respectively. When the anode (both graphite and Cu) is replaced by 

stronger carbon fiber with a modulus of 230 GPa,39 the bending force and Ef respectively increase 



26 

 

to 2.9 N cm-1 and 979 MPa at the same level of deflection. If both electrodes are replaced by carbon 

fiber, the bending force and Ef only increase slightly to 4.1 N cm-1 and 1.38 GPa, respectively. 

Such poor mechanical properties arise from the relative sliding of components about frictional 

interfaces, and thus all components deform about their own neutral axes with poor load transfer, 

leading to a large compromise in flexural properties of the whole cell. The poor load transfer 

between different layers is also reflected by the small and discontinuous shear stress in these cells 

(Figure 3.1d,e). Moreover, cell inflection near two supporting beams was observed in both 

simulation and experiment, which indicates relative sliding between components (Figure 3.2d). 

These results reveal that merely improving the mechanical properties of components without 

addressing the interfacial sliding issue is not enough to rigidify structural batteries. 

On the other hand, if different components in a conventional battery are bonded together 

as a laminate so that all components share a common neutral axis, load transfer will be more 

efficient and tremendously higher flexural modulus and stiffness can be achieved. With a moderate 

interfacial adhesive energy of 0.2 N cm-1 between an electrode and a separator, the bending force 

and Ef are remarkably enhanced to 8.8 N cm-1 and 2.97 GPa, respectively, at a deflection of 1 mm 

(Figure 3.1c). Figure 3.1f further shows that the shear stress in such a laminated cell is much larger 

than that in a cell without adhesion (Figure 3.1d,e), suggesting higher Ef. Moreover, the continuity 

of stress through all cell components also affirms good mechanical integrity and satisfying load 

transfer. In addition, no inflection is observed near the supporting beams in both FE simulation 

and experiments (Figure 3.2e), further demonstrating efficient load transfer. These results indicate 

that interfacial adhesion dominates the flexural modulus of a Li-ion cell, and it should be enhanced 

along with the mechanical properties of components themselves for realizing high-performance 

structural batteries. In addition, if the two strategies of enhancing interfacial adhesion and 
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enhancing componentsô mechanical properties can be combined, the flexural performance should 

be further improved. For example, Asp et al reported a combination of a polymer electrolyte and 

CF-based electrodes, where the semi-solid polymer electrolyte allows load transfer between 

different layers, acting as effective interfacial adhesion.48 Such combination should realize better 

flexural performance than using only one strategy above. 

  

3.4 Battery fabrication and mechanical properties 

To realize strong adhesion between electrodes and separators in practice, we developed a 

tree-root-like, continuous binder network at the sub-surface region of a granular electrode, which 

binds with a ceramic-coated separator tightly. Such a tree-root-like structure was realized by a 

phase inversion method, as illustrated in Figure 3.3a.49 First, Poly(vinylidene fluoride-co-

hexafluoropropylene) (P(VdF-HFP)) was dissolved in acetone with water as the nonsolvent at a 

mass ratio of 1:8:1. Then an excessive amount of the as-prepared solution was coated onto an 

NMC or graphite electrode by a film applicator with a gap of 200 ɛm, permeated into the porous 

electrode (Step 1), and dried at 80 °C for 2 hours under vacuum. Upon the evaporation of acetone 

and water in sequence, porous P(VdF-HFP) was formed continuously among electrode particles 

and on the electrode surface, as shown in Figure 3.2a. The thickness of the extra P(VdF-HFP) 

coating on an electrode is 5~10 mm, which formed good adhesion to the polyvinylidene fluoride 

(PVdF)-Al 2O3 composite coating on the separator by first roll-pressing a stack of P(VdF-HFP)-

coated electrodes and PVdF-Al 2O3-coated separators via a hot rolling press (Model MSK-HRP-

01, MTI Corporation) at 80 . The gap between the two rollers for roll-pressing was set to 75% 

of the stack thickness instead of controlling the pressure. The stack was then hot-pressed between 
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two parallel plates in a heat press machine (HPN Black Series, Model HPN-BLK-LABEL) at 80  

and 0.1 MPa for 1 h to further stabilize the adhesion (Step 2). 

 

  

Figure 3.3. The design and fabrication process of a tree-root-like electrode/separator interface. (a) A 

schematic of the fabrication process of a structural cell with tree-root-like interfaces through hot pressing. 

(b) EDS line scans of C and F in a P(VdF-HFP)-coated graphite, along with an SEM image of the region 

scanned. The surfaces of P(VdF-HFP) coating, electrode, and Cu current collector are marked with dash 

lines. The sample was prepared by cutting an as-coated graphite electrode with a blade. (c,d) Photos of 

anode-separator-cathode ensembles (c) with and (d) without electrode/separator interfacial adhesion. (e) 

Top-view SEM images of a P(VdF-HFP) coating on an NMC electrode after adhesion. The sample was 



29 

 

prepared by first hot pressing a separator onto a P(VdF-HFP)-coated NMC electrode and then removing 

the separator for SEM imaging. 

 

The permeation of P(VdF-HFP) into electrodes was validated by the cross-section energy 

dispersive spectroscopy (EDS) line scan through an as-coated graphite electrode with sodium 

alginate binder (Figure 3.3b). The signal of fluorine, which only exists in P(VdF-HFP), 

concentrated on the electrode surface and the top 10 ɛm in the electrode, and also extended deeply 

into the electrode (15-25 ɛm). These results indicate that P(VdF-HFP) indeed infiltrated into the 

porous electrode and formed a tree-root-like structure, which endows strong lamination between a 

separator and an electrode and significantly enhances the rigidity of the entire cell. As shown in 

Figure 3.3c, a single repeating unit of an anode-separator-cathode tri-layer with such interfacial 

adhesion does not flex by its own weight. In contrast, without such interfacial binding, the tri-layer 

ensemble flexes readily by gravity due to its poor mechanical strength (Figure 3.3d). In addition, 

the introduced P(VdF-HFP) layer is highly porous even after hot pressing, which allows ions in 

the electrolyte to pass readily (Figure 3.3e). Besides, SEM images of a bare NMC electrode, an as-

coated NMC electrode before hot pressing, and an as-coated NMC electrode after hot pressing are 

further presented in Figure 3.4 for a side-by-side comparison. 

 

 

Figure 3.4. Top-view SEM images of (a) a bare NMC electrode, (b) an as-coated NMC electrode before 

hot pressing, and (c) an as-coated NMC electrode after hot pressing. 
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The P(VdF-HFP)-based interfacial adhesion significantly increases flexural properties of 

pouch Li -ion cells with practical sizes. Pouch cells with dimensions of 7.0 cm × 4.0 cm × ~2.1 mm 

(L × W × T) and 11 graphite/separator/NMC532 repeating units inside were used as samples in 

mechanical measurements (Figure 3.2b), whose configurations are the same as those in FE 

simulation (Figure 3.1c). The single-side capacity loadings were 3 and 3.1 mAh cm-2 for the NMC 

cathode and the graphite anode, respectively, and the electrolyte amount was 2.5 g Ah-1. In three-

point bending experiments, the cell without the tree-root-like interfacial adhesion shows a low 

bending force of 0.72 N cm-1 at a deflection of 1 mm (Figure 3.5a), which corresponds to an 

effective Ef of only 281 MPa, consistent with simulations and literature reports.41 After the tree-

root-like adhesion is applied, the bending force is increased by 11.5 times to 9.0 N cm-1 at the same 

deflection, and the corresponding effective Ef is as high as 3.1 GPa. This value, close to epoxy, is 

among the best results for structural cells with internal strengthening in literature.32, 50-52 Moreover, 

the processing complexity and extra packaging weights are significantly reduced compared to 

previously reported strategies for structural batteries. The drop of bending force at 1 mm deflection 

for the adhered cell is due to imperfection in hot-rolling, so areas with weak adhesion tend to fail 

first, which causes such sudden drop. The experimental results also align well with FE simulations, 

further validating our strategy that interfacial adhesion is critical to enhancing the flexural 

properties of Li-ion cells. Such consistency also show that simulation is a powerful approach to 

understand and guide experimental designs of structural batteries. 

To better understand the failure mechanism of structural cells with adhered 

electrode/separator interfaces, a series of FE simulations were performed with the same cell 

configuration in Figure 3.1c but different interfacial adhesion strengths. As the adhesion strength 

increases from 0.08 MPa to 0.6 MPa, the cellôs flexural modulus remains the same, while the 
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bending strength increases significantly (Figure 3.5b). This is because the interfacial adhesion 

serves to transfer the shear stress under flexing, and thus it fails when the transferred stress exceeds 

the adhesion strength. Consequently, the utilization of the electrode/separator adhesion helps 

increase the flexural modulus of cells, while the reinforcement of the adhesion further improves 

the bending strength of cells. 

Based on the simulation results in Figure 3.5b, to explore strategies to further strengthen a 

structural battery, we evaluated the peeling-off strength of various interfaces in a laminated Li-ion 

cell by 180° peeling-off test,53 followed by strengthening the weakest layer to further improve the 

strength of the entire full cell. As shown in Figure 3.5c, While the Al/NMC interface and the coated 

electrode/separator interface show high peeling-off strengths of ~1.0 N cm-1 and ~0.26 N cm-1, 

respectively, the Cu/graphite interface has the lowest peeling-off strength of 0.15 N cm-1. To 

strengthen the weak Cu/graphite interface and thus the entire cell, we replaced the conventional 

carboxymethyl cellulose (CMC)-styrene-butadiene rubber (SBR) binder in a graphite electrode 

with sodium alginate binder, and the peeling-off strength was significantly enhanced by 3 times to 

~0.5 N cm-1. The stronger adhesion allows for a battery with higher bending strength as illustrated 

in FE simulation, which provides potential strategies to further enhance the flexing properties of 

structural batteries. 

 

 



32 

 

Figure 3.5. Mechanical properties of structural batteries with proposed interfacial lamination. (a) 

Experimental bending force per width - deflection curves of 2.1 mm-thick pouch cells with and without 

electrode/separator adhesion (solid lines) and corresponding FE simulation results (dotted lines). NMC and 

graphite electrodes were used in these cells. (b) FE simulation of bending force per width - deflection curves 

of cells with different interfacial adhesion strengths. Adhesion strengths at all electrode/separator and 

electrode/current collector interfaces are treated to be the same for simplicity. (c) 180° peeling-off test 

results of different interfaces in batteries, including Al/NMC, Cu/CMC-SBR-graphite, P(VdF-HFP)-coated 

electrode/separator and Cu/alginate-graphite. The loadings in all electrodes were ~3 mAh cm-2. 

 

3.5 Electrochemical performance 

In structural batteries, the electrochemical properties should not be significantly 

compromised as a trade-off for enhanced mechanical properties. To calculate the specific energy 

reduction in our strategy, considering one repeating cell unit of 9 ɛm Cu / 60 ɛm graphite anode / 

20 ɛm porous separator / 60 ɛm NMC cathode / 13 ɛm Al / 60 ɛm NMC cathode / 20 ɛm porous 

separator / 60 ɛm graphite anode, the areal weight for each component is 8.1 mg cm-2 for Cu, 10.2 

mg cm-2 for graphite, 1.4 mg cm-2 for separator, 20.8 mg cm-2 for NMC532 and 3.5 mg cm-2 for 

Al. In addition, 7.5 mg cm-2 electrolyte is needed if the electrolyte amount is 2.5 g Ah-1. And thus, 

the total areal weight of this one cell unit is: 

ψȢρ ρπȢς ς ρȢτ ς ςπȢψ ς σȢυ χȢυ ψσȢω άὫ ὧά  

For the introduced P(VdF-HFP) coating, since it has a high porosity of ~50% and a thin 

thickness of only 5-10 ɛm and P(VdF-HFP) has a relatively low density of 1.78 g cm-3,49 the areal 

mass loading of P(VdF-HFP) coating is only ~3.0 mg cm-2 per repeating cell unit. On the other 

hand, based on the electrochemical cycling results in Figure 3.6, no cycling performance is 

sacrificed for the full cell with such P(VdF-HFP)-based adhesion. Therefore, the specific energy 

of the cell will only be reduced by: 

ρ
Ȣ  

Ȣ Ȣ  
 = 3% 
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Based on the calculation above, the energy density reduction due to the P(VdF-HFP) 

coating is ~3%, and if the weight of battery packaging is into account, this reduction can be further 

lower. This is the smallest reduction in specific energy of structural batteries in literature.54  

Moreover, the P(VdF-HFP) adhesion layer and alginate binders discussed above are also 

compatible with other components inside Li-ion cells,47, 55 and thus the electrochemical 

performance is expected to remain steady. To demonstrate the stability of electrochemical 

performance, we tested both half cells and full cells with and without the tree-root-like coating 

layer. The electrolyte is 1 M LiDFOB-0.4 M LiBF4 in FEC-DEC (1:2, v/v), a recently developed 

carbonate electrolyte for high-performance lithium batteries.56 The areal capacities in 

electrochemical tests are ~1.0 mAh cm-2, as the purpose of these tests is to demonstrate cycling 

stability. 
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Figure 3.6. Electrochemical performance of structural batteries with tree-root-like interfacial adhesion and 

alginate binder. (a) Cycling performance of Li /NMC532 half cells with and without electrode/separator 

adhesion, and (b,c) their corresponding voltage profiles for (b) without adhesion and (c) with adhesion. (d) 

Cycling performance of Li /alginate-graphite half cells with and without electrode/separator adhesion, and 

(e,f) their corresponding voltage profiles for (e) without adhesion and (f) with adhesion. (g) Cycling 

performance of graphite/NMC532 full cells with and without electrode/separator adhesion. Alginate is used 
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as the binder in the graphite anode. (h,i) Corresponding voltage profiles and (j ) rate performance of 

graphite/NMC532 full cells. All  cells in (a-j ) were first cycled at C/10 for two formation cycles. After the 

formation cycles, Li/NMC532 cells in (a-c) and graphite/NMC532 cells in g-i were charged at C/3 with a 

constant voltage step down to C/20, and discharged at C/2. Li/graphite cells in d-f were lithiated at C/3 to 

0.01 V followed by C/20 to 0.01 V, and delithiated to 1.0 V at C/2. In (j ), the charging rates were always 

C/3, followed by a CV step to C/20. 1 C equals to 1.0 mA cm-2 for all cells. 

 

Half-cell tests were performed first. Li/NMC532 cells with and without the tree-root-like 

interfacial adhesion delivered similar specific discharge capacities of 157.3 mAh g-1 and 155.9 

mAh g-1 at C/2, respectively (Figure 3.6a). The capacity retention with and without interfacial 

adhesion are 98.5% and 89.5% after 300 cycles, respectively, and the corresponding average 

coulombic efficiencies (CE) are 99.89% and 99.72% from 10th to 300th cycle, respectively. Their 

voltage profiles indicate that the electrode/separator adhesion does not lead to considerable 

increase in overpotential during cycling (Figure 3.6b,c). The electrochemical impedance 

spectroscopy (EIS) results (Figure 3.7) also show that the cell impedance is stable over cycling 

even with the P(VdF-HFP) coating. The better cycling stability of P(VdF-HFP)-coated NMC532 

may come from the good electrolyte swelling properties of P(VdF-HFP) and the passivation of 

P(VdF-HFP) on the NMC surface. 
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Figure 3.7. Nyquist plots of Li/NMC532 half cells after 2 cycles and 200 cycles (a) without 

electrode/separator adhesion and (b) with electrode/separator adhesion in the range of 1 MHz to 0.1 Hz. 

 

Similar performance was also observed on the anode side. The Li/graphite half cell with 

alginate binder and tree-root-like interfacial adhesion delivered a specific discharge capacity of 

359 mAh g-1 after two formation cycles and 97.7% retention after 150 cycles (Figure 3.6d), with 

an average CE of 99.83% from 10th to 150th cycle. These results are similar to the half cell without 

the tree-root-like interfacial adhesion, whose specific discharge capacity is 363 mAh g-1 after two 

formation cycles and has 97.5% retention after 150 cycles (Figure 3.6d), with an average CE of 

99.90% from 10th to 150th cycle. There is also no noticeable difference in their voltage profiles 

(Figure 3.6e,f). All data support that the tree-root-like electrode/separator adhesion does not 

deteriorate the chemical stability of active materials or introduce significant additional 

overpotentials during cycling.  

Based on these positive results, a structural full cell with both the alginate-graphite anode 

and the NMC532 cathode adhered to the separator was assembled and cycled between 2.7 V to 

4.25 V. After two formation cycles at C/10, the full cell was charged at C/3 and discharged at C/2 

for long term cycling. The cell showed a specific capacity of 148.6 mAh g-1 in the first cycle after 

formation cycles, 151.4 mAh g-1 after 100 cycles, and 141.9 mAh g-1 after 500 cycles, 

corresponding to 95.5% capacity retention. The average CE from 10th to 500th cycle is 99.99%. 

(Figure 3.6g). The voltage profiles also indicate that the overpotential and internal resistance of 

the full cell with electrode/separator adhered are stable during cycling, and close to the full cell 

without such P(VdF-HFP) coating and adhesion (Figure 3.6h,i). The structural full cell with 

interfacial adhesion layers also shows a reasonable rate performance. The discharge capacities are 

157.7 mAh g-1 at C/10, 153.3 mAh g-1 at C/5, 149.2 mAh g-1 at C/3, 144 mAh g-1 at C/2, and 129.5 
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mAh g-1 at 1C, close to those in a cell without tree-root-like interfacial adhesion (Figure 3.6j). 

These results demonstrate that cells with the proposed tree-root-like adhesion have reasonable 

electrochemical performance and satisfactory long-term stability, and remarkably enhanced 

mechanical properties. 

 

3.6 Prototype demonstration of ñelectric wingsò 

To demonstrate practical applications of the proposed strategy in real devices, we replaced 

the wings of an aircraft model by two laminated structural pouch cells with dimensions of 23 cm 

× 9.0 cm × 0.6 mm (L × W × T ) (Figure 3.8). Each cell has a capacity of 780 mAh with two 3 

mAh cm-2 anode-separator-cathode units, and the aircraft was solely powered by these ñelectric 

wingsò. With laminated cells, the aircraft model can fly steadily and smoothly, which benefits 

from the stiffness and lightness of the proposed structural batteries (the video can be found in the 

publication7). In contrast, with conventional cells without interfacial lamination as wings, the 

aircraft model with the same weight falls soon after being thrown to the sky, due to the much 

weaker strength of the wings. Such distinctly different behaviors demonstrate the superiority of 

structural energy storage for light-weighting aerial vehicles. 

 

 

Figure 3.8. (a) Top view, (b) front view and (c) side view of an airplane model with laminated pouch cells 

as ñelectric wingsò. The airplane is in the size of 44 cm Ĭ 35 cm Ĭ 12 cm (L Ĭ W Ĭ H), and it can fly steadily 
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with the wing cells as the only power source. A single-layer electrode is 17.3 cm × 7.5 cm (L × W) in one 

wing, and one wing can provide a capacity of 780 mAh. 

 

3.7 Summary 

In conclusion, we demonstrated a tree-root-inspired interfacial adhesion between battery 

electrodes and separators, which increases the bending modulus of batteries by 11 times to 3.1 GPa 

at appreciable deflections. FE simulations were conducted to reveal the enhancement mechanism 

that this adhesion eliminates the relative sliding between different layers and allows all layers to 

share a common neutral axis when the battery is bent, which validates experimental results. 

Therefore, the load transfer is more efficient through the battery and better flexural properties are 

realized. Due to the small thickness of the adhesion layer, this strategy only reduces the specific 

energy of batteries by 3%, which is the smallest reduction reported in structural batteries. 

Moreover, this strategy does not affect electrochemical performance significantly, and satisfactory 

specific capacities and capacity retentions were observed. A graphite/NMC532 full cell with 

adhered electrode/separator interfaces delivered a specific capacity of 148.6 mAh g-1 at C/2, and a 

high capacity retention of 95.5% after 500 cycles. All these properties allow such a structural cell 

to independently power unmanned aerial vehicle models as electric wings. These results declare 

that with this rational interfacial design, the flexing performance of batteries can be vastly 

increased by making full use of the intrinsic strength of current collectors with electrochemical 

properties maintained. The adaptability in this strategy leaves itself much space for further 

amelioration and combination with other strategies like mechanically stronger battery materials. 
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Chapter 4: Stabilizing Lithium Plating in Polymer Electrolytes by 

Concentration Polarization-Induced Phase TransformationÀ 
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4.1 Introduction  

Lithium-metal batteries (LMBs) have attracted significant attention in recent years as next-

generation batteries with high energy density.57-59 Li metal anode has a theoretical capacity of 3860 

mAh gï1, ten times that of the conventional graphite anode, and an ultralow electrode potential (-

3.04 V vs. standard hydrogen electrode / SHE). However, lithium deposition is prone to being non-

uniform, leading to rough morphologies such as mossy and dendritic lithium.60-63 Such uneven 

deposition not only results in a large electrode surface area which promotes side reactions with 

electrolyte and decreases Coulombic efficiency and cycle life,64, 65 but also imposes potential safety 

hazards such as internal shorting and thermal runaway, especially in combination with 

conventional flammable liquid electrolytes (e.g. ethers and carbonates).66-69 

Although polymer electrolytes cannot fully resolve the safety issues in lithium metal 

batteries, they can help enhance the thermal stability of LMBs as they are more thermally stable 

than liquid electrolytes.70-72 For example, the flash points (f.p.) of poly (ethylene oxide) (Mw~ 

600,000) is 250 °C,73 much higher than dimethyl carbonate (21.5 °C),74 1,3-dioxolane (2 °C),75 

and 1,2-dimethoxyethane (-2 °C) .73 Polymer electrolytes are also compatible with conventional 

battery manufacturing processes and are easy to scale up.76 Unfortunately, Youngôs moduli of PEO 

electrolytes, typically in the range of 20 to 70 MPa,77-79 are much lower than the proposed threshold 

of 1 GPa needed to effectively suppress Li dendrites.67, 80 Hence, the fast growth of Li dendrites in 

polymer electrolytes is widely observed in literature.80-82 The dendrite growth becomes even more 

severe with the introduction of plasticizers for enhancing ionic conductivity, as they further soften 

the electrolyte.79, 83 This issue is difficult to fully resolve by ceramic additives,84 since lithium 

dendrites can still penetrate through the interspace between ceramic fillers. Currently, lithium 

dendrite growth remains one of the major challenges in polymer electrolyte-based LMBs.85  



41 

 

Addressing this challenge requires a fundamental understanding of the embedded dynamic 

Li metal/polymer electrolyte interface, such as how Li+ heterogeneity evolves at the Li anode 

surface and how the Li anode interacts with solid electrolytes. While remarkable advances have 

been achieved recently in characterizing the Li anode and solid electrolyte interphase (SEI), such 

as cryo-transmission electron microscope (TEM),86-88 nuclear magnetic resonance (NMR),89, 90 in-

situ and environmental TEM,91, 92 synchrotron,93, 94 and ambient pressure XPS,95 there is limited 

progress towards imaging the interaction between Li+ transport in the electrolyte and Li dendrite 

growth. This arises from challenges in visualizing ions in the electrolyte, which not only has a low 

concentration (0-2 M), but also possesses fast dynamics (diffusivity of ~10ï7-10ï6 cm2 sï1) 

compared to the solid electrode materials (10-50 M, and <10ï9 cm2 sï1). Hence, ultra-high chemical 

sensitivity (~1-10 mM), high speed (~1 s/image), and fine spatial resolution (<1 µm) are 

simultaneously required to image chemical dynamics in the electrolyte, such as salt concentration 

polarization. Such resolutions and sensitivity are beyond the capability of conventional 

characterization tools.  

Recently, Toney et al obtained both 1D concentration profile and salt velocity using X-ray 

photon correlation spectroscopy (XPCS) and X-ray absorption microscopy (XAM). This 

represents an important work in imaging and understanding ion transport in polymer electrolytes.96 

We also utilized stimulated Raman scattering (SRS) microscopy to image ion transport profile in 

liquid electrolytes, which simultaneously offers high sensitivity (< 1 mM), fast imaging speed (~2 

ɛs per pixel), and fine spatial resolution (down to 300 nm).9, 97, 98 SRS microscopy uses two 

temporally and spatially synchronized laser beams with an energy difference equal to that of the 

targeted bondôs vibrational mode. The synergy of the two beams amplifies the otherwise weak 

vibrational signal by up to 108 times and thus enables the desired temporal resolutions, imaging 
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speed, and sensitivity (Figure 4.1a).10 SRS is becoming an emerging technique for materials 

science.9, 99 Using this emerging microscopy, we visualized for the first time the heterogeneity of 

ion depletion in liquid electrolytes due to concentration polarization and how it correlated with 

lithium dendrite growth.9 We observed that ion depletion at the Li/electrolyte interface led to faster 

dendrite growth due to the enhanced electrical field and larger concentration heterogeneity, which 

agreed with theoretical predictions.57, 100 

In this work, we further explored the solid polymer electrolyte/electrode interaction and 

observed unexpected opposite phenomena. Instead of promoting dendrites, concentration 

polarization reduces salt concentration at the lithium/electrolyte interface and transforms the 

single-phase PEO electrolyte into the two-phase region. This induces the formation of a 

mechanically rigid PEO-rich phase with a modulus of ~1-3 GPa at the lithium/electrolyte interface, 

corresponding to a shear modulus of 0.36-1.06 GPa (Figure 4.1b). Such a high modulus suppressed 

dendrite growth and led to uniform lithium deposition. Based on this discovery, we propose a 

design rule of polymer electrolytes for lithium metal anode: electrolyte composition should be at 

the boundary between the single-phase and the two-phase regions in the PEO-salt-plasticizer phase 

diagram so that a slight salt concentration polarization induced by a small current can form the 

mechanically rigid PEO-rich phase on lithium metal surface to passivate lithium metal. This design 

rule guides us to further develop a PEO electrolyte with an optimal composition (EO: Li = 12:1 

with 40 wt.% plasticizer, 1.1 M Li salt), which showed stable cycling over 100 times in an 

Li/PEO/LFP cell at 40 °C. In contrast, Li/PEO/LFP cells with concentrated PEO electrolyte (EO/Li 

= 6:1 with 40 wt.% plasticizer, 1.8 M Li salt) failed quickly after 10 cycles due to the rapid growth 

of lithium dendrites and dramatically increased impedance. 
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Figure 4.1.  The schematics of operando SRS imaging of the Li/PEO electrolyte interface. (a,b) The 

schematics of SRS imaging on (a) high concentration polymer electrolyte (HCPE) and (b) low 

concentration polymer electrolyte (LCPE) in Li/Li cells. In LCPE, the polarization-induced phase 

transformation leads to a mechanically strong PEO-rich phase at the lithium/electrolyte interface, which 

helps suppress lithium dendrites. (c) the bright field of an in-operando Li/PEO/Li cell. The upper picture 

shows the architecture of the cell, and the lower one shows a zoom-in image taken by optical microscope. 

(d) The Raman spectrum of LCPE, where fingerprint peaks for LiTFSI, SN, and PEO are labeled. The 

corresponding composition of LCPE is EO: Li: SN = 12: 1: 2.64 (Molarity). (e) The plot of Raman intensity 

of the LiTFSI peak at 1245 cm-1 versus the Li: EO ratio in PEO electrolytes with 40 wt.% SN, showing 

good linearity. The points of 1.1 M and 1.8 M LiTFSI correspond to LCPE and HCPE, respectively. 

 

4.2 Materials design and battery assembly 

Preparation of solid polymer electrolyte (SPE) precursors: To prepare LCPE / HCPE, 0.19 

g / 0.38 g lithium bis (trifluoromethanesulfonyl) imide (LiTFSI, Gotion) was dissolved in 5 g 
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acetonitrile (Sigma-Aldrich) along with 0.35 g poly (ethylene oxide) (Mw 600,000, Sigma Aldrich) 

and 0.14 g succinonitrile (SN, Tokyo Chemical Industry). Then the solution was stirred overnight 

to form a translucent solution. SPEs with other compositions were prepared similarly, and the PEO 

is typically 7 wt % of acetonitrile. For PC-LCPE / HCPE, the preparation procedure is similar. 

LiDFOB and LiBF4 are mixed first with a molar ratio of 1:1, then the dual salts, PEO, and PC were 

dissolved in 5 g acetonitrile with a weight of 0.16 g / 0.32 g, 0.35 g, and 0.315 g, respectively.  

Preparation of the lithium-lithium symmetric cells: 40 µm thick of lithium foil and 50 µm 

thick of SPEs were used in the Li/Li symmetric cells while the horizontal gap between two lithium 

metal electrodes is ~ 500 µm. One layer of Kapton tape was laminated onto a glass slide, and two 

chambers (~1 Ĭ 1 cm for each) and a channel (~1 Ĭ 6 mm) to connect two chambers were cut inside 

Kapton tapes (thickness ~ 100 µm). We tried to drop the PEO electrolyte onto the lithium surface 

at a high temperature and melt PEO to form a better Li/PEO interface. Unfortunately, there was 

still a high impedance, and the overpotential was very high even at a low current density. Therefore, 

PEO electrolyte was prepared in situ to form a low-resistance interface. The lithium foil was cut 

to the desired size and soaked in dimethyl sulfoxide (DMSO) with 0.2 wt.% H3PO4 solution for 

1 min to form a thin Li3PO4 protective layer to isolate the contact between Li and acetonitrile in 

the SPE precursor above. Lithium electrodes were then placed at two ends of the chamber, and the 

precursor of SPE above was dropped between two Li electrodes and rested to evaporate acetonitrile. 

Finally, Cu foils with similar sizes were placed on the two ends of lithium as an external electrical 

contact, and a glass cover was placed on top of the Li/Li cell, followed by sealing with epoxy. The 

whole process was done in a glove box with O2 and water levels < 0.1 ppm.  

Preparation of the Li/PEO/LFP cells: For SN-based PEO electrolyte, LiFePO4 (LFP) was 

selected as the cathode material due to its stability with the PEO electrolyte. LFP, carbon black, 
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and polyvinylidene fluoride (PVDF) were mixed with a mass ratio of 8:1:1, then stirred in N-

methyl-2-pyrrolidone (NMP) overnight to form a uniform slurry. Then the LFP slurry was coated 

on an Al foil using the doctor blade, followed by drying at 110°C for 12 hours. The mass loading 

of LFP is ~ 4 mg cmï2. Then the LFP electrodes were assembled with lithium metal as anode and 

LCPE/HCPE as the electrolyte in an argon-filled glove box with both H2O and O2 below 0.1 ppm. 

A Kapton ring with a thickness of 100 µm was used to fixate the distance between the LFP 

electrode and lithium metal. The cells were tested at 40 oC, which enhanced ionic conductivity, 

but the formation of the new PEO-rich phase still occurred. The cells were rested for 15 minutes 

and 1 hour after each charging and discharging step, respectively. 

For PC-based PEO electrolytes, the preparation procedure is similar, except that 0.7 wt.% 

of CNT was added into the LFP electrodes to achieve better rate performance at high mass loading 

(5 mg ~ 10 mg). The electrode will be infiltrated with PEO/PC/dual salts electrolyte first, then roll-

pressed, and assembled with 40 µm thick lithium metal. The batteries were tested under 38 oC.  

 

4.3 SRS imaging of Li / solid polymer electrolyte interaction 

Home-made parallel cells were used to visualize the Li/PEO electrolyte interaction via SRS 

microscopy (Figure 4.1c). In this cell, the PEO electrolyte filled in the gap between two pieces of 

lithium, and all components were sandwiched between two pieces of glass slides and sealed by 

epoxy. The distance between the two electrodes was typically around 0.5 mm. The PEO electrolyte 

contained lithium bis (trifluoromethane sulfonyl) imide (LiTFSI) as the salt and succinonitrile (SN) 

as the plasticizer101 to enhance ionic conductivity and enable operation at room temperature (RT). 

Although SN is not stable with lithium metal in long term, it generally only affects the cycling 

performance after 100 cycles. Details of electrolyte composition and fabrication process can be 
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found in Experimental Procedures. Wavenumbers at 1245 cmï1 (C-F stretching),102 2250 cmï1 

(CḳN stretching),103 and 2800 cmï1 (C-H stretching with combination vibration)104 were selected 

as Raman signatures of LiTFSI, SN, and PEO, respectively (Figure 4.1d). Due to the requirement 

of electroneutrality, [Li+] could be considered to be equal to [TFSIï], even at the nanoscale, with 

an error smaller than 0.1 mM.9 Therefore, [TFSIï] was measured to represent the local [Li+]. The 

Raman intensities of TFSIï were proportional to its concentration, and hence the Raman signal 

could be easily converted to chemical concentrations (Figure 4.1e). It is worth noting that LiTFSI 

in PEO-rich phase may have different Raman cross sections, which may introduce small errors 

into the calibration curve in Figure 4.1e.105 The chemical sensitivity of LiTFSI was calculated to 

be 0.012 M.  

Lithium growth in PEO electrolytes with different salt concentrations. As two 

representatives, the high-concentration polymer electrolyte (HCPE) and the low-concentration 

polymer electrolyte (LCPE) were studied with EO: Li: SN = 12: 2: 2.64 and 12: 1: 2.64 in molarity, 

respectively, which corresponded to 1.8 M LiTFSI and 2.4 M SN for HCPE, and 1.1 M LiTFSI 

and 2.9 M SN for LCPE. The weight ratios of SN to PEO were fixed at 40% in both cases. Cyclic 

voltammetry showed that both electrolytes have no appreciable side reaction between 0 and 4 V 

vs. Li+/Li and were capable of reversible lithium plating and stripping (Figure 4.2). Due to the 

relatively low ionic conductivities of HCPE and LCPE, 1.7 × 10ï4 S cmï1 and 1.0 × 10ï4 S cmï1 at 

RT, respectively (Figure 4.3), a current density of 0.5 mA cmï2 was applied.  
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Figure 4.2. Cyclic voltammetry of LCPE and HCPE in Li/Stainless Steel cells. The scanning rate is 1 mV 

s-1. There is slight oxidation above 4 V which can be attributed to the oxidation of PEO. 

 

 

Figure 4.3. Ionic conductivities of HCPE and LCPE at different temperatures. The ionic conductivities of 

HCPE and LCPE at 21 oC are 1.7 × 10ï4 S cmï1 and 1.0 × 10ï4 S cmï1, respectively. 

 

In the case of HCPE (Figure 4.4a), the applied current gradually consumed [Li+] on the 

lithium surface ([Li+]0 mm) from 1.8 M at t = 0 to 1.2 M at t = 27 min, after which [Li+]0 mm remained 

stable at ~1.2 M in a steady state (Figure 2b,c). Meanwhile, the lithium growth rate (v) quickly 

increased from 0.27 ± 0.18 µm minï1 at t = 0 to 0.9 ± 0.46 µm minï1 at t = 27 min (Figure 4.4d). 

The growth was in the form of mossy lithium, and statistical analysis showed a normal distribution 
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of v (Figure 4.5a-c). Afterward, v was drastically increased to ~1.5 µm minï1 for the remaining 

time, leading to an ultrahigh porosity of 97%, indicating that the HCPE could not suppress dendrite 

growth. At this stage, a dual-peak normal distribution of v was observed (Figure 4.5d-h), where v 

was low in part of the surface (< 1 µm minï1), but ultrahigh in other regions (> 2 µm minï1), 

showing the heterogeneous dendrite growth on lithium electrode. This dual-peak mode may arise 

from SEI properties and non-uniform concentration polarization of ions. These results show that 

if no phase transformation occurs, ion concentration polarization at the Li/polymer electrolyte 

interface promotes dendrite growth, similar to our previous observations in a gel electrolyte.9 

 

 

Figure 4.4. Lithium growth at the lithium/PEO electrolyte interface with HCPE or LCPE. (a-d) lithium 

dendrite growth in HCPE. (a) the bright field and corresponding SRS images of [Li+] = [TFSI-] at three 

representative stages. (b) the voltage profile of the Li/Li cell. c, [Li+] = [TFSI-] versus time, and (d) the 

lithium growth rate (v) versus time. Interface 1 refers to the boundary between the lithium electrode and the 

PEO electrolyte. (e-h) lithium growth in LCPE. (e) the bright field and SRS images of [Li+] at three 

representative moments. (f) the voltage profile of the Li/Li cell. The yellow shading corresponds to the 

appearance of the PEO-rich phase, and the green shading indicates the region where the PEO-rich phase 
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has covered the entire lithium surface. (g) [Li +] = [TFSI-] versus time, and (h) the lithium growth rate (v) 

versus time. Interface 2 refers to the boundary between the new PEO-rich phase and the isotropic bulk 

polymer electrolyte, as marked by dash lines in SRS images in (e). Scale bars are 50 µm. The electrode 

distances are 500 µm for both cells. Both cells were applied with a current density of 0.5 mA cm-2 at room 

temperature. 

 

 

Figure 4.5. Frequency analysis of the lithium deposition rate in the cell with HCPE. (a-c) the mossy lithium 

growth stage (t = 0 to 27 min), where the lithium growth pattern fits the normal distribution. (d-h) the 

lithium dendrite growth stage (t = 27 to 72 min), in which the lithium growth pattern fits dual peak normal 

distribution, showing that the dendrite growth happened on part of the lithium electrode surface. 

 

In contrast to the conventional behaviors observed in HCPE, we find that concentration 

polarization in LCPE induced a phase transformation process at the lithium/electrolyte interface 
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that unexpectedly suppressed lithium dendrite growth, as observed by both SRS and bright-field 

(BF) images (Figure 4.4e,f). First, the new phase appeared as the blue region in SRS and the 

granular-like region in BF, which was also confirmed by the Raman spectrum (Figure 4.6). The 

Spontaneous Raman spectra of the PEO-rich phase matched with those of PEO spherulites, 

suggesting its semi-crystalline nature. This new phase only contained PEO, SN, and LiTFSI, and 

no obvious peaks of decomposition products such as Li2O and RO-Li were detected. The PEO-

rich phase had a much lower [LiTFSI] than that in the adjacent isotropic bulk LCPE, as shown by 

the contrast between [LiTFSI] at the Li/electrolyte interface (interface 1), and [LiTFSI] outside the 

boundary between the new phase and the isotropic bulk electrolyte (interface 2) (Figure 4.4g). This 

difference increased from 0.79 M vs. 0.74 M at t = 15 min, to 0.87 M vs. 0.61 M at t = 30 min, and 

0.89 M vs. 0.43 M at t = 79 min. Further study showed that the new phase was also poor in SN, 

and [SN] was only ~1.8 M at the interface, compared to 3.8 M outside interface 2 (Figure 4.7).  

 

 
 

Figure 4.6. Raman study on the separated phases. (a) Spontaneous Raman spectra of the PEO-rich phase 

formed after long-time lithium deposition (red line, corresponding to the red circle in (b), and the adjacent 

isotropic bulk phase (blue line, corresponding to blue circle in (b), and PEO spherulite (brown line, 

corresponding to brown circle in (c). This shows that the PEO-rich phase is similar to PEO spherulites in 

composition and structure, and both are semi-crystalline and contain much less amount of LiTFSI and SN. 

(b) A bright-field image of the lithium electrode/PEO electrolyte interface, showing the PEO-rich phase 

after long-time deposition in LCPE. The deposition was 0.5 mA/cm2 for one hour. Scale bar: 50 µm. (c) 
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The bright-field image of a PEO electrolyte with both PEO-rich spherulite and salt-rich amorphous region. 

Scale bar: 100 µm. The electrolyte composition of LCPE is 1.1 M LiTFSI and 2.9 M SN. All tests were 

done at room temperature. 

 

 

Figure 4.7. Change of [SN] upon the formation of the new PEO-rich phase. Interface 1 refers to the 

boundary between the lithium electrode and the PEO electrolyte, and Interface 2 refers to the boundary 

between the new PEO-rich phase and the isotropic bulk polymer electrolyte. The increasing difference 

between [SN] outside interface 2 and at interface 1 shows that the plasticizer (SN) is progressively repelled 

from the PEO-rich phase to the bulk electrolyte during the formation of the new PEO-rich phase. 

 

Although the PEO-rich phase is poor in LiTFSI and SN, their concentrations are well above 

0 M throughout the whole lithium deposition process. Therefore, the PEO-rich layer still has a 

moderate ionic conductivity of ~2-5¤10-5 S/cm (Figure 4.8). In addition, the limiting current 

density and Sandôs time of this cell are 0.28 mA cmï2 and 162 min, respectively (Figure 4.9), so 

the large voltage polarization observed at t = 79 min is more likely caused by the increasing 

thickness of the PEO-rich phase instead of complete ion depletion. 
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Figure 4.8. Ionic conductivities of PEO-rich phases formed at lithium surface at different temperatures. 

The compositions of polarized state 1 and 2 are 0.52 M LiTFSI / 2.6 M SN and 0.38 M LiTFSI / 2.3 M SN, 

respectively, as determined by the SRS microscopy. The ionic conductivities of polymer electrolytes at 

these two polarized states are 2.3× 10ï5 S cmï1 and 4.9× 10ï5 S cmï1 at 21 oC, respectively. 

 

 

Figure 4.9. COMSOL simulation results of limiting current density and the Sandôs time. (a) The side view 

of the actual structure of a Li/Li cell used in this study. The PEO electrolyte (h = 100 µm,) is thicker than 

lithium metal (h1 = 40 µm). The electrode distance L = 500 µm. (b) The steady-state profile of [Li+] at 0.28 

mA cm-2 without considering the formation of the PEO-rich phase. The plot is at time t = 2.01 × 105 s, 

which is significantly larger than the characteristic diffusion time (L2/4D = 4.1 × 104 s), so the steady-state 
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is reached. At x = 0 and 500 µm, y = 0-40 µm are two lithium electrodes, and 40-100 ɛm are extra PEO 

electrolyte. (c) A zoom-in image of the area next to the electrode for lithium deposition in (b). (d) The Li+ 

ion concentration profile at 79 min at 0.5 mA cm-2 without considering the formation of the PEO-rich phase. 

The average [Li+] on lithium metal surface is ~0.18 M. The average [Li+] 10 µm away from the Li/PEO 

interface is ~ 0.35 M. 

 

The appearance of this new phase unexpectedly but effectively suppressed the growth of 

lithium dendrites. Although the lithium dendrite growth was observed at t = 0 with v of ~ 0.3 µm 

minï1 (87% porosity), v quickly dropped to 0.048 µm min-1 at t = 30 min after the initial formation 

of the PEO-rich phase (Figure 4.4h), equivalent to a porosity of 16%. At this stage, the PEO-rich 

phase progressively formed on the lithium metal surface. After the new phase fully covered the Li 

metal surface, the average v from 30 min to 63 min was only 0.044 µm minï1, which corresponded 

to a low porosity of 9.2%, about one-thirtieth of that in HCPE, indicating a dense and uniform 

lithium deposition. Such behavior is not only self-forming but also self-reinforcing during 

concentration polarization. For example, if lithium dendrite grows fast at a certain location, the 

local current density will increase and lead to larger concentration polarization and hence a thicker 

PEO-rich phase, which in turn suppresses dendrite growth in LCPE. This active protection 

mechanism is distinct from other conventional passive protective layers, which require perfect 

uniformity and durability. This suppression mechanism has not been reported in the literature, to 

the best of the authorsô knowledge. 

 

4.4 The relation between electrolyte composition and formation of the PEO-rich phase 

To understand how phase transformation in LCPE occurs, we characterized its evolution 

using spontaneous Raman scattering spectroscopy (Figure 4.10). During the formation of this 

PEO-rich phase, we observed rising peaks at 832 cm-1, 1268 cm-1, and 1467 cm-1, which 
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correspond to semi-crystalline PEO.106 Meanwhile, peaks for TFSI- (730 cm-1, 802 cm-1, and 1245 

cm-1) decreased simultaneously, and salt concentrations derived from different peaks were nearly 

identical. After the applied current was reversed, the PEO-rich layer gradually diminished as 

observed in the bright field. Meanwhile, the intensity of LiTFSI peaks gradually recovered, and 

that of semi-crystalline PEO peaks slowly decreased, showing that the formation of this layer was 

reversible (Figure 4.10c). Therefore, this layer was determined to be a PEO-rich and salt-poor 

phase, but not any decomposition products of the electrolyte. We also examined the composition 

of SEI on lithium metal for both LCPE and HCPE, which have similar compositions (Figure 4.11). 

This indicates that the difference in SEI is not responsible for the distinct behavior of lithium 

deposition we observed. 
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Figure 4.10. In-situ observation of the evolution of the PEO-rich phase in LCPE using spontaneous Raman. 

(a) The voltage profile of a Li/LCPE/Li cell. The Li plating/stripping current is 0.1 mA cm-2. (b) Bright-

field images of the lithium/PEO electrolyte interface during lithium deposition. (c) The spontaneous Raman 

spectra of LCPE polymer electrolyte near the electrode. The distance between the laser spot (blue circle in 
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b) and the lithium metal surface is 20 ɛm. At around 100 min, the PEO-rich phase grew into the laser spot 

and was detected by Spontaneous Raman. The signature peaks of the PEO-rich semicrystalline phase at 832 

cm-1, 1268 cm-1, 1467 cm-1 are marked with dashed red rectangles. The electrolyte composition of LCPE is 

1.1 M LiTFSI and 2.9 M SN. All tests were done at room temperature. 

 

 

Figure 4.11. XPS characterizations of SEI compositions on Li anodes retrieved from Li/LFP cells with 

different SN-based electrolytes. (a-d) XPS spectra of (a,b) C 1s and (c,d) O 1s in SN-LCPE. (e-h) XPS 

spectra of (e,f) C 1s and (g,h) O 1s in SN-HCPE. (i-l) XPS spectra of (i) F 1s, (j ) Li 1s, (k) N 1s, and (l) S 

1s in SN-LCPE. (m-p) XPS spectra of (m) F 1s, (n) Li 1s, (o) N 1s, and (p) S 1s in SN-HCPE. 10 nm and 

20 nm indicate the depths at which the spectra were acquired. To ensure that Li/HCPE/LFP cells do not fail 

and the SEI amount is enough for the measurement, all the lithium samples are retrieved from the Li/LFP 

cells after five cycles. 10 um sputtering was conducted to all the Li samples before the measurement to 

remove the potential PEO-based electrolyte residue, so the presented XPS data was acquired at the depth 
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of 10 nm and 20 nm. R-Li in carbon XPS and RO-Li in oxygen XPS are the decomposition product of PEO. 

(CH2CH2O)n in oxygen XPS is the signal of PEO. It shows that only a small amount of PEO is observed at 

the depth of 10 nm, and no PEO residue is observed at the depth of 20 ɛm. Therefore, it is safe to say that 

the XPS signals are mainly from SEI rather than PEO electrolyte residue. 

 

After excluding the possibility of electrolyte decomposition, we constructed the ternary 

phase diagram of PEO-LiTFSI-SN to understand composition-dependent phase evolution. This 

was achieved with the assistance of SRS (Figure 4.13a), as it measured the composition of each 

phase in a high-throughput fashion. The phase diagram illustrates a single-phase isotropic zone (I-

zone) in the middle (orange) and three two-phase regions at the corners (white & contour region). 

Representative SRS images of each region are shown in Figure 4.12. As shown in Figure 4.13a, 

the composition of HCPE is at the center of the I-zone. When a low-to-mid-level current is applied, 

it progressively decreases [LiTFSI] on the lithium metal surface (Path A in Figure 4.13a). Due to 

the high salt concentration in HCPE, the electrolyte composition at the Li/electrolyte interface 

remains within the I-zone during concentration polarization, and thus no phase transformation 

occurred.  
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Figure 4.12. The bright field and SRS pictures of PEO electrolytes with different compositions, including 

those in the two-phase regions and the single-phase region. Wavenumbers at 1245 cmï1, 2250 cmï1, and 

2800 cmï1 are selected for SRS imaging of LiTFSI, SN and PEO, respectively. (a) The isotropic HCPE. (b) 

The co-existence of the isotropic phase and the LiTFSI-rich phase. The weight percentage of PEO: 

LITFSI:SN is 17.9%: 67.8%: 14.3%. (c) the co-existence of the isotropic phase and the PEO-rich phase. 

The weight percentage of PEO: LITFSI:SN is 59.8%: 16.2%: 23.9%. (d) the co-existence of the isotropic 

phase and the SN-rich phase. The weight percentage of PEO: LiTFSI: SN is 7.3%: 13.2%: 79.5%. It is 

worth noting that the bright field image and SRS images do not match in this case. SN-rich phase prefers 

to form thin sheets at different z-heights and stacks in bright field images. Due to the confocal nature of 

SRS, only one layer is observed in SRS images, which can effectively avoid unnecessary interruptions. 

Scale bars are 50 µm. 
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Figure 4.13. The phase diagram and the phase diagram-derived design principle. (a) the ternary PEO-

LiTFSI-SN phase diagram in weight percentage. The orange color marks the region of the isotropic single-

phase region while other regions represent two phases. The rainbow color at the top of the triangle is the 

contour of Youngôs moduli of as-formed PEO-rich phases at corresponding compositions in the phase 

diagram. (b) The schematic of how the initial salt concentration in a polymer electrolyte affects the 

thickness and the coverage of the PEO-rich layer when a current is applied. (c) When c0 is high, there is no 

PEO-rich layer and lithium dendrite is easy to form (c0 >> cb). (d) c0 is moderately higher than the cb so 

that the dendrite is usually formed before the PEO-rich layer. This leads to the partial passivation of lithium 

dendrite growth. (e) The suggested concentration range (c0 å cb) can yield the best passivation effect of the 

PEO-rich phase on lithium metal. (f)  c0 < cb, which has a low ionic conductivity and may result in a thick 

PEO-rich layer. 

 

In contrast, the composition of LCPE is very close to the boundary between the single-

phase I-zone and the two-phase region (cb), making it susceptible to undergoing a phase 

transformation in response to concentration polarization (Path B in Figure 4.13a,e), since forming 
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two phases is thermodynamically more stable than staying in one phase. A lower t+ can trigger 

phase evolution at an earlier time due to a larger ionic concentration gradient. This phase 

transformation decreases not only [LiTFSI], but also [SN] in the new phase (Figure 4.7), since the 

PEO-rich phase also contains less SN, as indicated by Figure 4.13a. Moreover, the decreasing [SN] 

in the PEO-rich layer also repels SN into the bulk isotropic electrolyte, causing the accumulation 

of SN outside the PEO-rich layer (Figure 4.7). Such phenomena indicate that the redistribution of 

SN is a result of phase transformation, instead of electromigration.  

We further tested a Li/Li cell with EO: Li: SN = 8: 1: 2.64, where salt concentration was 

moderately higher than cb. After lithium deposition started, lithium dendrites grew first and no 

PEO-rich phase was observed. However, when the salt concentration on the lithium surface 

gradually decreased to be lower than cb, the PEO-rich phase appeared and thickened, which 

suppressed lithium dendrite growth. Nevertheless, the lithium surface could not be fully covered 

by the PEO-rich phase due to initially formed needle-like lithium dendrites, so the effectiveness 

of protection was undermined. The video of the whole process can be found in the publication.8 

Finally, a polymer electrolyte with a concentration of 0.52 M LiTFSI and 2.6 M SN, which 

is deep inside the two-phase region, is also tested. This solid electrolyte, along with many other 

electrolytes deeply inside the two-phase region, has a low ionic conductivity (0.02 mS cm-1) which 

cannot afford a reasonable current density (e.g., > 0.3 mA cm-2) for normal operation. To cycle 

cells with such an electrolyte, the current density in this experiment is only 0.1 mA cm-2 for one 

hour, and we have observed the same phase evolution phenomena on the lithium metal surface. 

The video of the whole process can be found in the publication.8 

From the four cases above, we can conclude that the PEO-rich layer originates from solid 

phase transformation at or near RT, and its formation highly depends on salt concentration in the 
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PEO electrolyte (Figure 4.13b). If the initial salt concentration (c0) is deep inside the single-phase 

region as HCPE (c0 >> cb), the PEO-rich phase is unlikely to form (Figure 4.13c). If c0 is 

moderately higher than cb, dendrites may initiate before the formation of the PEO-rich phase, so 

the dendrite growth cannot be fully suppressed (Figure 4.13d). If c0 is close to cb, such as LCPE, 

even a small current can form the PEO-rich phase that fully covers lithium surface within a short 

period and effectively suppresses dendrites (Figure 4.13e). In addition, if c0 < cb, the ionic 

conductivity of polymer electrolyte is usually low; PEO-rich phase is readily formed on the lithium 

metal surface, but it may be too thick to conduct ions (Figure 4.13f).  

Based on the analyses above, we propose a design principle of polymer electrolyte for 

lithium metal batteries: electrolyte composition should be at the boundary between the single-

phase and the two-phase regions in the PEO-salt-plasticizer phase diagram so that a small current 

induces reduced salt concentration and forms the mechanically strong PEO-rich phase on lithium 

metal surface. To further support our proposal, we determined another LCPE electrolyte from the 

phase diagram in Figure 4.13a, which has a composition of EO: Li: SN = 17.1: 1: 5.66, 50% more 

SN than the one we used in the paper. Even with a higher portion of SN, the PEO-rich layer can 

still form on the lithium metal surface and suppress the growth of lithium dendrites. 

 

4.5 Mechano-chemical coupling in PEO-rich layers and mechanisms of dendrite suppression 

The effective suppression of Li dendrites by this new PEO-rich phase is hypothesized to 

arise from mechano-chemical coupling during the phase transformation at the Li/electrolyte 

interface. To verify this, AFM was used to measure Young's moduli of solid polymer electrolytes 

(SPE) with different compositions, including both the isotropic phase (I-zone) and the PEO-rich 

phase, and the results are superimposed onto the phase diagram in Figure 4.13a. AFM was 

conducted on the SPEs with thicknesses of ~ 10 µm coated on stainless steel plates. The AFM 
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chamber was purged by dry N2 prior to the tests. The spring constant, half angle, and Poisson's 

ratio of AFM tips are ~ 3 N m-1, 15°, and 0.4, respectively. The force curve is fitted by the Sneddon 

model to get Young's modulus. The approaching curve in the extending line will be fitted first to 

determine the indentation start point, then the force can be calculated using cantilever deformation 

and fitted with indentation to get Youngôs modulus. 

 

 

Figure 4.14. The mechanical properties of PEO-LiTFSI-SN polymer electrolytes and the phase-field 

simulations. (a,b) the AFM extending and retraction force curves of (a) the isotropic bulk phase (I-zone, 

HCPE). No cantilever deformation was detected. (b) the as-formed PEO-rich phase with a composition of 

0.52 M LiTFSI and 2.6 M SN (See Table 4.1 for details). (c) the corresponding force-indentation curves 

for samples in (a) and (b). (d) Youngôs moduli of the PEO-rich phase with different salt concentrations. 

The sample compositions are along the path A / B in Figure 4.13a. All samples have the same SN/PEO 

ratio as HCPE and LCPE (40 wt.%), but different [LiTFSI]. The solid and empty squares show Young's 

moduli of the PEO-rich phase and the isotropic bulk phases, respectively. (e,f) phase-field simulations of 

Li electrodeposition in solid polymer electrolytes with (e) high concentration (2 M salt) and (f) low 

concentration (1 M salt) at 0.5 mA cmï2. 

 

For the composition of the HCPE (1.8 M LiTFSI and 2.4 M SN), the approaching curve 

showed no deformation of the cantilever when the tip was pressed into the electrolyte, indicating 
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that the electrolyte was very soft (Figure 4.14a). Large cantilever deflection was detected during 

tip retraction, confirming that the tip was pressed inside HCPE and the electrolyte was sticky. All 

SPEs within the I-zone and the isotropic phase of SPEs in the two-phase regions in Figure 4.13a 

displayed similar results (Youngôs modulus < 1 MPa), indicating they could not mechanically 

suppress lithium dendrite growth.  

Conversely, a classic force curve was observed for the PEO-rich phase formed in SPE. The 

sample had an overall composition of 0.6 M LiTFSI and 3.3 M SN, and the PEO-rich phase inside 

contained 0.52 M LiTFSI and 2.6 M SN (Figure 4.14b). The conductivity of the as-formed PEO-

rich state is in the order of 10ï5 S cmï1 as there is still a reasonable amount of LiTFSI (0.2-0.6 M) 

and SN (2-3 M) left inside, which still allows Li+ to shuttle (Figure 4.8). Using the Sneddon 

model,107 the corresponding modulus was 1.6 GPa (Figure 4.14c), and the indentation hardness is 

~410-780 MPa (Table 4.1). Since the indentation hardness of a material is usually 3 times its tensile 

strength, implying that the PEO-rich phase's tensile strength is ~137 MPa. Such stress is well 

beyond the hardness (~7-43 MPa) and yield strength (0.6-1.3 MPa) of lithium metal reported in 

the literature108, so the creep of lithium metal is inevitable during lithium deposition, which results 

in the suppression of lithium dendrite growth. In contrast, the bulk PEO electrolyte has a modulus 

< 1 MPa, similar to or smaller than the hardness and the yield strength of lithium metal, so lithium 

dendrite growth cannot be suppressed. In addition, such analysis is  also consistent with previous 

studies,80 thus explaining why dendrite growth was suppressed in LCPE.  

 

Table 4.1. The normal pressure ůn at different indentation depths L. 

Indentation depth L (nm) Force (nN) Normal Pressure ůn (GPa) 

5 52 0.41 

10 120 0.65 

20 260 0.78 
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To further understand mechano-chemical coupling at the Li/electrolyte interface, the 

composition-dependent mechanical properties of the PEO-rich phases in PEO electrolytes were 

systematically measured by AFM. As shown in Figure 4.14d, the modulus of the PEO-rich phase 

quickly rises to 1.2 and 1.8 GPa when [LiTFSI] is reduced to 0.80 and 0.44 M in the PEO-rich 

phase, respectively (Table 4.1). Further contour on Young's moduli of the PEO-rich phases in the 

I + PEO-rich two-phase region (Figure 4.13a) shows that the modulus is typically above 1 GPa 

when [LiTFSI] is less than 0.8 M. Since pure crystalline PEO has Young's modulus of 5-7 GPa,109, 

110 it is reasonable that a semi-crystalline PEO-rich layer with a limited amount of salt/plasticizer 

inside can reach a modulus of 1-2 GPa. The contour indicates that the mechanism of concentration 

polarization-induced stabilization of lithium deposition is effective in a wide range of electrolyte 

compositions.  

The proposed suppression mechanism is also supported by phase-field simulations which 

take the mechano-chemical coupling into account (see the publication for the details of 

simulations8). Based on the results above, the simulation assumed that the PEO-rich phase formed 

when overall [LiTFSI] was < 0.85 M, and the PEO-rich phase had Young's modulus of 1.6 GPa, 

while any region with [LiTFSI] Ó 0.85 M had a modulus of <1 MPa. Since no new phase was 

formed in HCPE, lithium dendrites grew fast in the soft isotropic bulk polymer electrolyte (Figure 

4.14e & Figure 4.15a). In contrast, the PEO-rich phase was formed once [Li+] was polarized to 

below 0.85 M, effectively suppressing lithium dendrite growth (Figure 4.14f & Figure 4.15b). The 

deposited lithium was widely uniform and the [Li+] heterogeneity was low on the lithium surface. 

These simulation results strongly agree with experimental observations, supporting the hypothesis 

that the formation of the PEO-rich phase with high Youngôs modulus suppresses dendrite growth.  
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Figure 4.15. Phase-field simulations of Li electrodeposition from solid polymer electrolytes at different 

moments show the concentration change in the electrolytes during lithium deposition. The color indicates 

the concentration of Li salt, where 0 means lithium metal. The simulated current density is 0.5 mA cmï2. 

The phases of Li metal, PEO precipitate and electrolyte have elastic moduli of 4.9 GPa, 1.6 GPa, and 10 

MPa, respectively. The ion conductivities in the bulk electrolyte and the PEO-rich phase are 1 × 10ï3 S cmï

1 and 2 × 10ï4 S cmï1, respectively. (a) The electrolyte with 2 M salt, so ions are not depleted even at the 

final state (t = 400 s) and (b) the electrolyte with 1 M salt. Ion concentration polarization induces phase 

separation which suppresses lithium dendrite growth, which is consistent with experimental observations. 

 

In addition, our results do not conflict with Chazelvielôs previous work,111, 112 where 

dendrites grow faster at full ion depletion and the molten state (~80 oC). In our case, the polymer 

electrolyte is solid and phase transformation exists upon the decrease of salt concentration so that 

a mechanically rigid PEO-rich phase forms and suppresses dendrite growth. The salt concentration 

does not decrease to 0 M, and thus it avoids the formation of the space charge region which induces 

the ultrahigh electrical field and dendrite growth. In addition, we consider the observed phase 

transformation as a method to enhance the suppression of lithium dendrite growth, but not a 

method that can eliminate this issue. 

 

4.6 Concentration polarization-induced stabilization of Li anode in Li/Li and Li/LFP cells  
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With the understanding that the formation of a mechanically rigid PEO-rich phase can 

stabilize lithium deposition, and an electrolyte with composition at the boundary between single-

phase and two-phase regions can induce the formation of such a PEO-rich phase even with a very 

small current, we further examined the effectiveness of this strategy in repeated cycles and full 

cells.  

First, as a proof-of-concept experiment, a current of 0.5 mA cmï2 was applied to a Li/PEO-

LCPE/Li symmetric cell with a deposition capacity of 0.25 mAh cmï2 for 20 cycles at room 

temperature. As observed with the optical microscope (Figure 4.19a), no obvious lithium dendrites 

formed in the first deposition, and the lithium protrusions were frozen by the growing PEO-rich 

phase, leading to stable lithium deposition. During the lithium stripping, both the PEO-rich phase 

and lithium metal electrode shrank without forming any dead lithium debris. The lithium surface 

moved forward slightly after 20 cycles, indicating that this suppression mechanism was effective 

upon multiple cycles.  

Such a reversible behavior is universal and it could be achieved in a wide range of currents 

from 0.1 to 1 mA cmï2 for LCPE (Figure 4.16), where the corresponding limiting current was 0.28 

mA cm-2 (Figure 4.9). It should be noted that the PEO-rich phase sometimes did not fully disappear 

during lithium stripping, which was attributed to its disappearance being a kinetically slow process. 

In contrast, without the PEO-rich phase, fast dendrite growth was observed within the first several 

cycles for Li/Li cells with HCPE, forming large amounts of dead lithium during the repeated 

stripping process (Figure 4.19b). The voltage polarization also increased in a few cycles of plating 

and stripping due to the formation of dead lithium (Figure 4.17).  
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Figure 4.16. The voltage profiles of Li/Li cells with LCPE. The current densities are: (a) 0.1 mA cm-2, (b) 

0.25 mA cm-2, (c) 0.5 mA cm-2, and (d) 1 mA cm-2. For all cells, the deposition capacity is 0.25 mAh cm-2. 

After each deposition cycle, the Li/Li cells rested for 30 minutes to reduce the concentration polarization. 

All tests were done at room temperature. 
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Figure 4.17. The voltage profiles of Li/Li cells with HCPE. The current densities are: (a) 0.1 mA cm-2, (b) 

0.25 mA cm-2, (c) 0.5 mA cm-2, and (d) 1 mA cm-2. For all cells, the deposition capacity is 0.25 mAh cm-2. 

All tests were done at room temperature. 

 

We further assembled Li/Cu cells to validate that the corresponding Coulombic efficiency 

(CE) was reasonable. The cells were cycled at 0.1 mA cmï2 for 4 hours. For LCPE, the initial CE 

was around 90%, and it was stabilized at 92-95% after ~40 cycles (Figure 4.18a). The overpotential 

of lithium plating and stripping also barely changed within 40 cycles (Figure 4.18b). These results 

indicate that the LCPE-based electrolyte results in stable lithium deposition instead of side 

reactions. In contrast, the HCPE cell has a fluctuating CE between 70% and 90%, as a result of 

dendrite formation. The overpotential also increased after 40 cycles, showing the possible 

accumulation of dead lithium on the electrode (Figure 4.18c). 
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Figure 4.18. The lithium plating/stripping in Li/Cu cells with SN-based LCPE and HCPE. (a) The 

comparison of Coulombic efficiency. (b) The voltage profile of a Li/Cu cell with LCPE. (c) The voltage 

profile of a Li/Cu cell with HCPE. LCPE composition: 1.1 M LiTFSI and 2.9 M SN. HCPE composition: 

1.8 M LiTFSI and 2.4 M SN. The testing protocol follows the standard established by Whittingham et al,113 

except that the lithium deposition is 0.4 mAh cm-2 here. All tests were done at 0.1 mA cm-2 at 40 oC.  

 

The effectiveness of this strategy was also demonstrated in Li/PEO/LFP cells at 0.25 C and 

40 °C. LiFePO4 cathodes with mass loadings of ~4 mg cmï2 were assembled with PEO electrolytes 

and lithium metal. The thickness of the PEO electrolyte was fixed at 100 mm without using a 

separator. Stable cycling was achieved with LCPE. The initial discharge capacity was 160.2 mAh 

gï1 with a Coulombic Efficiency (CE) of 93.4% and slowly increased to 164.2 mAh gï1 in the 10th 

cycle as a result of activation. After 100 cycles, the capacity remained at 156.1 mAh gï1, 

corresponding to a retention of 97.4%. The average CE from the 5th cycle to the 100th cycle was 

99.5% (Figure 4.19c). The voltage profile shows that the internal resistance only increases slightly, 

and there is no sign of dendrite-induced short-circuit (Figure 4.19d). SEM further revealed that the 

lithium metal surface was relatively flat after 100 cycles, with occasionally island-like morphology, 

demonstrating the effectiveness of the PEO-rich phase in suppressing lithium dendrites (Figure 

4.19e).  
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Figure 4.19. Cycling stability of the lithium metal anode in LCPE and HCPE. (a,b) the bright-field images 

of the lithium electrodes during lithium plating and stripping with a current density of 0.5 mA cmï2 in (a) 

LCPE and (b) HCPE. The scale bars are 100 µm. (c) the cycling performance of Li/LiFePO4 metal battery 

with LCPE and (d) the corresponding voltage profiles. (e) an SEM image of the lithium metal surface after 

100 cycles. (f) the cycling of Li/LiFePO4 metal battery with HCPE and (g) the corresponding voltage 

profiles. (h) an SEM image of the lithium metal surface after 40 cycles. The scale bars in (e) and (h) are 10 

µm. The current densities for both batteries are 0.15 mA cmï2. All cells were tested at 40 oC. 
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On the other hand, the Li/PEO/LFP cell with HCPE quickly failed with the capacity 

dropping from 151.5 to 26.2 mAh gï1 after 40 cycles (Figure 4.19f). The voltage profile showed a 

drastically increased overpotential, which suggests possible dendrite growth (Figure 4.19g). The 

average CE is only 98.2%, which probably arises from the prosperous growth of lithium dendrites, 

as validated by SEM imaging (Figure 4.19h). More reproducible results can be found in Figure 

4.20. The charge transfer resistance (Rct) further supports the conclusion. The Rct of LCPE and 

HCPE increase 77% and 132%, respectively (Figure 4.21a,b), further proving the formation of 

mossy lithium and dead lithium in the cell with HCPE. 

 

 

Figure 4.20. More results of cycling performance of Li/PEO/LFP full cells. (a) Two batteries with SN-

LCPE, and (b) Two batteries with SN-HCPE. All cells were tested at 40 oC. The testing conditions were 

the same as Figure 4.19 in the manuscript. 
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Figure 4.21. The EIS of Li/PEO/LFP full cells before and after 100 cycles. (a) SN-LCPE, (b) SN-HCPE, 

(c) PC-LCPE and (d) PC-HCPE. The testing temperature is 40 oC for SN-based samples, and 38 oC for PC-

based samples. 

 

Such phase separation-induced dendrite suppression is universal in PEO electrolytes. In 

another LiDFOB-LiBF4 in PEO/PC system, a similar phenomenon was also observed. We first 

identify the boundary of the single-phase region and two-phase regions in this system, which is at 

EO: Li+ = 6 with a conductivity of 2.9 mS cm-1 (Figure 4.22). Hence, Li/Li cells were tested with 

this composition at 0.75 mA cm-2 and 0.375 mAh cm-2 and characterized using an optical 

microscope. A PEO-rich layer was observed during lithium deposition and capable of suppressing 

lithium dendrites (Figure 4.23a). In contrast, phase separation was not observed in the PC-based 

HCPE with EO/Li+ = 3 (5.2 mS cm-1), and obvious dendrites and dead lithium were formed (Figure 
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4.23b). The effectiveness of the strategy was also demonstrated in full cells at 40 °C, where both 

films are still solid and free-standing. In an Li/PC-LCPE/LFP cell with 5 mg LFP cm-2 and 40 ɛm 

thin lithium (Figure 4.23c), the cell showed steady cycling over 160 cycles at 0.3 mA cm-2 (139.4, 

149.9, and 147.1 mAh g-1 in cycle 1, 25 and 160, respectively). In contrast, when PC-LCPE was 

replaced by PC-HCPE, the cell only has a capacity retention of 17.3% after 100 cycles (Figure 

4.23d). The corresponding voltage profiles are shown in Figure 4.24. Similar to SN-based 

electrolytes, the Rct increase of LCPE is much smaller than that of HCPE (Figure 4.21c,d). More 

reproduced results are in Figure 4.25. Batteries with 10 mg LFP cm-2 (1.3 mAh cm-2) and 40 ɛm 

lithium also showed stable cycling. The cell capacity was 116 mAh g-1 in cycle 1, 131 mAh g-1 in 

cycle 20, and 119 mAh g-1 in cycle 80 (Figure 4.26). These results of SN-based and PC-based 

LCPE polymer electrolytes are among the best at a similar temperature (30-40 oC) in literature, 76, 

91, 114-121 showing that stable lithium plating can be achieved in polymer electrolytes by optimizing 

the salt concentration.  
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Figure 4.22. The optical images of PEO/PC/LiBF4+LiDFOB based electrolytes. When the EO : Li is below 

6 (f), the PEO-rich phase almost disappears and the electrolyte becomes isotropic. Scale bars are 100 µm. 

 

 

Figure 4.23. Cycling stability of the lithium metal anode in Li/Li cells and Li/LFP cells with PC/LiDFOB-

LiBF4 dual salt based LCPE and HCPE. (a,b) the bright-field images of the lithium electrodes in Li/Li cells 

with (a) LCPE and (b) HCPE at room temperature and 0.75 mA cm-2. The scale bars are only 25 µm to 

better show the as-formed new PEO-rich phase (The dashed blue area). (c,d) the cycling performance of 

Li/LiFePO4 metal batteries with (c) LCPE and (d) HCPE at 38 °C. The current density is 0.3 mA cm-2. In 

LCPE, PEO: LiDFOB: LiBF4 = 12:1:1, and PC is 90 wt.% of PEO. In HCPE, PEO: LiDFOB: LiBF4 = 

6:1:1, and PC is 90 wt.% of PEO. 

 

 

Figure 4.24. The voltage profiles of LFP/PEO/Li cells with PC-based (a) LCPE and (b) HCPE. The 

composition of LCPE is PEO: LiDFOB: LiBF4 = 12:1:1 (EO/Li+ = 6) and the composition of HCPE is EO: 

LiDFOB: LiBF4 = 6:1:1 (EO/Li+ = 3). In both LCPE and HCPE, propylene carbonate (PC) is used as the 

plasticizer, whose weight is 90% of PEO.  
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Figure 4.25. More results of cycling performance of Li/PEO/LFP full cells. (a) Two batteries with PC-

LCPE, and (b) Two batteries with PC-HCPE. All cells were tested at 38 oC. The testing conditions were 

the same as Figure 4.23 in the manuscript.  

 

 

Figure 4.26. Li /PEO/LFP cell with cathode mass loading of 10 mg cm-2, 40 µm thick lithium metal, and 

PC-based LCPE. The areal capacity of this cell is around 1.3 mAh cm-2. All tests were done at 0.3 mA cm-

2 at 38 oC.  

 

Such concentration polarization-induced phase transformation also exists in polymer 

electrolytes without plasticizer, or with a different polymer host. We imaged Li/Li cells with a 

polyethylene oxide (Mw =1500) / LiTFSI electrolyte and a polyethylene glycol diacrylate / 

succinonitrile / LiTFSI electrolyte. When a current is applied, a secondary phase can be observed 

on the surface of lithium plating in both cases, further validating this phenomenon. The videos of 

the phase transformation processes can be found in the publication. 8 
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4.7 Summary 

The dynamic concentration polarization, phase transformation in polymer electrolytes, and 

their correlations with lithium deposition were observed for the first time thanks to the high 

chemical, temporal, and spatial resolutions of SRS microscopy. We successfully unveiled phase 

transformation in the polymer electrolytes induced by concentration polarization and the formation 

of a new PEO-rich phase at the electrode/electrolyte interface. Such a phase transformation exists 

in various other polymer electrolyte systems. This new phase has a high Young's modulus of up 

to 3 GPa, which is effective in mechanically suppressing lithium dendrite growth by functioning 

as a reversible, self-reinforcing protective layer on lithium anode. In contrast, without such phase 

transformation, conventional polymer electrolytes have a small modulus < 1 MPa, leading to fast 

lithium dendrite growth. Based on such understanding, we proposed a design rule for polymer 

electrolytes: electrolyte composition should be at the boundary between the single-phase and the 

two-phase regions in the PEO-salt-plasticizer phase diagram so that current can easily reduce salt 

concentration on lithium metal surface and leads to the formation of the PEO-rich phase on lithium 

metal surface.  

By utilizing this design rule, we successfully demonstrated Li/PEO/LiFePO4 cells with 

stable cycling, while cells without this mechanism failed quickly within 10 cycles. This strategy 

is also compatible with state-of-the-art battery materials and manufacturing processes without the 

extra need to control the conformability of protective layers in previous literature. Moreover, the 

strategy is universal and effective with different salts and plasticizers and it facilitates the 

development of solid polymer electrolyte-based lithium metal batteries with enhanced thermal 

stability and high energy density. It should be mentioned that extra polarization brought by the 
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new phase may exist and require discreet design on parameters such as thickness and salt 

concentration. Meanwhile, although this strategy helps enhance the suppression of lithium dendrite 

growth, it is unlikely to eliminate the uneven growth of lithium, especially in harsher conditions, 

and should be combined with other strategies for further improving the reversible plating/stripping 

of lithium metal. In the future, the ion concentration profile and possible phase evolution in cross-

linked polymers and polymers with ceramic fillers require more investigation using SRS, and 

would further help design polymer electrolytes with better performance.122 The ion kinetics and 

phase evolution discovered in this work will help understand the behavior of polymer electrolytes 

in other electrochemical devices, and optimize the composition to achieve better performance.  
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Chapter 5: Enhanced Cycling Stability of All-solid-state Lithium-

Sulfur Battery through Nonconductive Polar Hostsÿ 

  

 
ÿThis work is currently under review: Tianwei Jin, Keyue Liang, Jeong-Hoon Yu, Ting Wang, Yihan Li, Tai-De Li, 

Shyue Ping Ong, Jong-Sung Yu, Yuan Yang. Enhanced Cycling Stability of All-solid-state Lithium-Sulfur Battery 

through Nonconductive Polar Hosts. 

The thesis writerôs contribution was concept conception, experiment design and performance, data analysis, and paper 

writing. 
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5.1 Introduction  

Lithium-sulfur batteries (LSBs) have attracted substantial attentions as a promising next-

generation energy storage solution due to the ultra-high specific capacity, high natural abundance, 

and environment friendliness of sulfur.123-125 However, the development of LSBs with liquid 

electrolytes is hindered by the following key challenges. First, organic solvents in LSBs, which 

are highly flammable, dissolve intermediate lithium polysulýdes, and the consequent shuttle effect 

results in low coulombic efficiencies (CE) and short lifespan.126 Second, the electrically and 

ionically insulating nature of sulfur and Li 2S lead to sluggish cathode kinetics.127 Third, the large 

volume change of ~80% from sulfur to Li2S causes them to lose contact with carbon additives and 

current collectors, resulting in a substantial capacity loss.128, 129 Recently, all-solid-state lithium-

sulfur batteries (ASSLSBs) have attracted increasing attentions as a potential solution to these 

challenges.130, 131 By adopting inorganic sulfide solid-state electrolytes (SSEs), such as Li6PS5Cl 

(LPSC) and Li10GeP2S12 (LGPS) with high ionic conductivities (10-3~10ī2 S cmī1) and favorable 

mechanical properties, the shuttle effect can be eliminated together with greatly elevated battery 

safety.132-134 

To enhance the reaction kinetics in LSBs, high-surface-area conductive carbon hosts are 

often used.135, 136 Unfortunately, sulfide electrolytes in ASSLSBs usually have narrow 

electrochemical stability windows, and Meng et al. have revealed that the oxidation and reduction 

decomposition of sulfides will be accelerated when they are exposed to electronic conductors.137-

139 Therefore, though carbon hosts enhance the electron transfer to sulfur, their high electronic 

conductivities could also boost the decomposition of adjacent sulfide SSE into insulating 

components, which consequently impedes the ion transport for the S/Li2S redox.140 As a result, the 

S/Li2S redox kinetics deteriorates over successive cycles and cell capacities accordingly 
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diminish.141, 142 Alternatively, various oxides are nonconductive so that they are expected to 

suppress the decomposition of neighboring SSE and retain the cycling stability, and the electronic 

conduction could be fulfilled by other strategies such as reduced sulfur sizes and proper carbon 

additives with low specific surface areas. 

The other potential advantage of oxides over carbon as hosts for sulfur is their strong 

bonding with active materials. Carbon hosts have weak bonding with sulfur and Li2S due to its 

non-polarity, and previous works showed the active material would detach from the carbon hosts 

upon volume expansion and contraction, leading to loss in conduction pathway and capacity.143-

146 In contrast, oxides are found to have strong chemisorption toward lithium sulfides out of their 

high polarities, which makes them good candidates as sulfur hosts or separator coatings in the 

LSBs with liquid electrolytes to mitigate the shuttle effect.147-154 Such superior bindings indicate 

that oxide hosts could potentially solve the sulfur detaching issue in carbon hosts and allow 

ASSLSBs to achieve better cycling performance. 

Based on these hypotheses, herein we rationally propose a counterintuitive concept that 

nonconductive polar hosts can substantially enhance the performance of ASSLSBs. The key 

concept of this work is shown in Figure 5.1, illustrating the advantages of nonconductive polar 

hosts over conventional carbon hosts on SSE stability and sulfur bonding. As a demonstration, we 

synthesized a platelet ordered mesoporous silica (pOMS) and a platelet ordered mesoporous 

carbon (pOMC) as model systems for insulating oxide hosts and conductive carbon hosts, 

respectively. The platelet-shaped OMS and OMC feature structural advantages over conventional 

rod-like OMS and OMC, such as much shorter mesopore channels for homogeneous sulfur loading 

and shorter pathways for ions and electrons during cycling.155  
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The pOMS/S composite with 70 wt.% sulfur showed an excellent cycling performance, 

which presented a capacity reversibility of 95.1% in the initial cycle and delivered a steady 

discharge capacity of 1446 mAh g-1 after 500 cycles at C/5 at room temperature. In contrast, the 

pOMC/S composite with 70 wt.% sulfur showed a poor capacity reversibility of 75.7% in the 

initial cycle, probably due to electrolyte decomposition and sulfur detachment, with a fast capacity 

decay from 1430 mAh g-1 in cycle 1 to 649 mAh g-1 in cycle 50 at C/10 at room temperature. 

Further post-cycling characterizations based on FIB-EDS mapping and XPS revealed that the 

insulating SiO2 host significantly suppresses solid electrolyte decomposition and enhances 

sulfur/host binding. With all those findings, this work unveiled an unexpected strategy to 

accelerate the ASSLSB development to achieve high-energy-density lithium batteries. 

 

 

Figure 5.1. Schematics of cathodes in ASSLSBs with a carbon host (platelet ordered mesoporous carbon, 

pOMC) and a nonconductive polar host (platelet ordered mesoporous silica, pOMS), respectively. The 

highly conductive carbon host promotes the decomposition of adjacent electrolytes, and sulfur filled in the 
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carbon host suffers from the detachment issue during cycling.143 In contrast, the polar silica host bonds 

strongly to the active materials, and its low electronic conductivity accordingly suppress the electrolyte 

decomposition. 

 

5.2 Materials design and battery assembly 

The materials synthesis processes of pOMS, pOMC, pOMS/S70, and pOMC/S70 are based 

on previous publications.147, 148 

Synthesis of Platelet Ordered Mesoporous Silica (pOMS): 2.0 g Pluronic P123 (Aldrich, 

average molecular weight Mw = 5800 g mol-1, 2.0 g) was stirred with 0.32 g ZrOCl2 in 80 g 2 M 

HCl solution at 35 °C for 24 h. 4.5 mL tetraethyl orthosilicate (TEOS, Aldrich, 98%) was then 

added and stirred at 35 °C for another 1 h. Then the solution was heated at 90 °C for 24 h to form 

a white precipitate. After separated by filter and washed several times with deionized water, the 

as-obtained pOMS was dried at 60 °C and calcined to remove organic residues at 550 °C for 5 h 

in air. The crystalline structure and morphology of the as-prepared pOMS were characterized by 

XRD and electron microscope. 

Synthesis of Platelet Ordered Mesoporous Carbon (pOMC): pOMC was prepared by 

replication method using the pOMS as a template as follows. 1.0 g dry pOMS (1.0 g) was mixed 

with 0.35 g phenol and heated at 100 °C for 12 h. The mixture was reacted with 0.3 g 

paraformaldehyde at 160 °C for 8 h, followed by a carbonization at 900 °C for 6 h under an Ar 

flow. The composite was soaked in an HF solution (40 wt.% in deionized water) at room 

temperature for 12 h to remove the pOMS template. The as-obtained silica-free pOMC replica was 

washed and dried overnight at 80 °C. 

Preparation of pOMS/S70 and pOMC/S70 Composites: pOMS or pOMC was manually 

mixed with pure sulfur in a weight ratio of 3:7. The mixture was heated at 300 °C for 4 h in a 
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sealed glass container to evaporate and diffuse the sulfur into the mesopores of the pOMS or 

pOMC hosts. 

Fabrication of All-Solid-State Lithium-Sulfur Batteries: To prepare the cathode, 40 wt.% 

active material composite which is pOMS/S70 or pOMC/S70, 40 wt.% Li6PS5Cl (LPSC, NEI 

Corporation) solid-state electrolyte, and carbon additives including 8 wt.% super C65 carbon black 

(MSE Supplies LLC), 8 wt.% vapor-grown carbon fiber (VGCF, Sigma Aldrich), and 4 wt.% 

carbon nanotube (CNT, Carbon Solutions, Inc) were manually mixed with a mortar and pestle for 

15 min, then ball milled in a 40 mL polytetrafluoroethylene jar with 8 g 3 mm zirconia beads at a 

rotating speed of 400 rpm for 10 hours. 160 mg of LPSC was first pressed into a 1 cm2 pellet under 

370 MPa for 5 min. Then the as-prepared cathode powders were pressed on one side of the LPSC 

pellet under 370 MPa with a 40 ɛm lithium foil and a 100 ɛm indium foil on the other side for 5 

min. Finally, the cell pellets were pressed by a 50 MPa stack pressure for electrochemical tests. 

All the processes were conducted in an Ar glovebox with O2 and H2O < 0.1 ppm. 

 

5.3 Characterizations of Cathode Materials 

To study the effects of nonconductive polar hosts in ASSLSBs, pOMC and pOMS particles 

with similar morphology and pore structures were synthesized via a precipitation method based on 

our previous reports.148, 156 Sulfur was then infiltrated into the open mesopore channels of the hosts 

by sulfur vapor deposition in a weight ratio of 70:30 (sulfur : host), named as pOMC/S70 and 

pOMS/S70. As scanning electron microscopy (SEM) images showed, pOMC/S70 (Figure 5.2a) 

and pOMS/S70 (Figure 5.2e) both have a thin hexagonal prism morphology with a thickness of ~ 

250 nm and an edge length of 500-1000 nm. Transmission electron microscopy (TEM) images 

showed the open mesopores through the prism thickness of pOMC/S70 (Figure 5.2b) and 
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pOMS/S70 (Figure 5.2f), and the corresponding high-angle annular dark-field scanning 

transmission electron microscopy (HAADF-STEM) element mapping images confirmed the 

uniform sulfur infusion in pOMC/S70 (Figure 5.2c,d) and pOMS/S70 (Figure 5.2g,h). 

 

 

Figure 5.2. Physical and chemical properties of pOMS and pOMC hosts. a-d) pOMC/S70: a) SEM image, 

b) TEM image, c/d) corresponding HAAD-STEM element mapping of c) C and d) S. e-h) pOMS/S70: e) 

SEM image, f) TEM image, g/h) corresponding HAAD-STEM element mapping of g) Si and h) S. i) XRD 

patterns of elemental sulfur, pOMC, pOMC/S70, pOMS, and pOMS/S70. j) Nitrogen adsorption/desorption 

isothermal profiles of pOMC, pOMC/S70, pOMS, and pOMS/S70. k,l) Deconvoluted high-resolution S 2p 

XPS spectra of k) pOMC/S70 and l) pOMS/S70 with elemental sulfur as reference. m) DFT calculation of 

the interface structures of SiO2-Li 2S and C-Li 2S. 






































